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 Fiber reinforced polymer matrix composites are a class of structural materials that have 
gained high desirability in a wide range of applications over the past few decades. Due to their 
high specific strength and toughness, low density, and design flexibility, fiber reinforced 
composites have been preferred over traditional homogenous materials, such as ceramics and 
metals, in structures and components within the military, aerospace, automotive and marine 
industries. The two constituents of these composite materials are typically the rigid fibers and 
compliant polymer resin, acting as reinforcement and matrix phases, respectively. Yet unlike 
biological multicomponent materials, such as bones, teeth, and bamboo, composites are 
heterogeneous materials suffering from failure-prone, discontinuous, and discrete fiber-matrix 
interfaces that limit them from achieving their ideal theoretical mechanical properties. Therefore, 
improving interfacial adhesion and the load transfer mechanism between the fiber and the matrix, 
while simultaneously maintaining the structural integrity and light weight of composite structures, 
is of great importance for the fabrication of high performance composites and has been a long-
lasting challenge in the field of composite materials.   
This dissertation is an effort to experimentally investigate hierarchical and multifunctional 
fiber reinforced polymer matrix composites with improved interfacial and interlaminar adhesion 
through the integration of nanoscale interphases and interlayers. As nanotechnology regularly 
introduces new functional building blocks, many promising and lightweight nano-reinforcement 
approaches are continuously emerging and integrated into composite materials. Here, the potential 
and role of chemical interactions between nanomaterials (aramid nanofibers (ANFs) and 
nanofibrils, zinc oxide nanowires (ZnO NWs), laser induced graphene (LIG)) and fiber surfaces 
(aramid, carbon, glass), along with their impact on the morphology and adhesion quality of the 
resulting interphases and interlayers are initially investigated. As a result, it is demonstrated that 
well-adhered nanostructured interphases and interlayers can be achieved in various fiber reinforced 
composites through a number of chemical processes, which include fibrilization, physical and 
electrostatic adsorption, surface functionalization, hydrothermal growth, and laser-induced 
graphitization, as well as other mechanical approaches, such as transfer printing and spray-coating. 
xv 
 
Further research is then performed to thoroughly investigate and optimize the effect of the 
introduced nanostructured interphases and interlayers on the interfacial and interlaminar properties 
of both fabrics and composites under quasi-static and dynamic loading conditions, all while 
maintaining their structural integrity, light weight, and flexibility.  
The obtained results conclusively indicate that aramid nanostructured interphases are 
capable of enhancing the interfacial shear strength (IFSS) and interlaminar properties of quasi-
statically loaded aramid and glass fiber reinforced composites, while also improving the impact 
response and stab resistance of ballistic protection aramid fabrics. Moreover, ceramic zinc oxide 
interphases are studied using a novel experimental setup and are shown to allow for the tailoring 
of composite interfacial properties as a function of the applied strain rate. Finally, ANF and LIG 
nanostructured interlayers are demonstrated to suppress delamination and improve interlaminar 
fracture toughness in both aramid and carbon fiber reinforced polymer matrix composites. The 
nanomaterial reinforced interlaminar regions exhibit improved toughening mechanisms that 
increase energy absorption, and thus delay catastrophic failure due to delamination in composite 
structures. The research presented in this dissertation provides a multitude of scalable and efficient 
approaches for the grafting of nanostructured interphases and interlayers capable of yielding 
hierarchical and multifunctional fiber reinforced polymer matrix composites with improved 





CHAPTER 1. Introduction 
1.1. Motivation 
The motivation for this study lies in the development of hierarchal and multifunctional 
composites, along with the increasing demand for high strength and lightweight structural and 
ballistic materials. Fiber reinforced polymer matrix composites have attracted significant attention 
from a number of industries due to their superior specific strength and stiffness, lightweight, and 
design flexibility, relative to conventional materials, such as metals [1]. For example, aircraft 
wings fabricated using composite materials can yield considerable fuel consumption savings due 
to the significant decrease in the weight of the structure, in comparison to traditional metal wings 
[2]. Moreover, composite materials opened the door for new concepts in the aerospace industry, 
such as aero-elastic tailoring, which can be used to design aircrafts capable of overcoming or 
delaying aero-elastic phenomena, e.g. wing divergence and flow separation [3]. The described 
advantages of composite materials have led to their integration in a large number of applications 
ranging from the aerospace, automotive, marine, and renewable energy sectors to daily consumer 
goods and electronics [1].  These composite materials can be classified based on matrix material 
(ceramic, metal, polymer), reinforcement geometry or aspect ratio (continuous fiber, short fiber, 
particulate), and structural hierarchy (laminate, honeycomb, sandwich panel) [4]. Many structural 
and ballistic applications rely on continuous fiber reinforced polymer matrix composites to provide 
exceptional mechanical properties, while achieving a reduction in weight and an increase in system 
flexibility. Typically, such composites are constituted of continuous reinforcement in the form of 
aramid, glass, or carbon fibers that are bonded together using a lightweight polymer matrix, which 
allows for the support and transfer of mechanical loads within the heterogeneous material[5]. As a 
result of the increasing demand and use of fiber reinforced composites, industry analysts expect 
the global market for fiber reinforced polymer composites to grow to up to $37.2 billion by 2022 
(Figure 1.1.) [6]. Currently, carbon fiber reinforced composites are being used in the fabrication of 
commercial aircrafts such as the Boeing 787 and Airbus A380 [7].  Specifically, the airframe of 
the Boeing 787 Dreamliner is composed of 50% carbon fiber reinforced composites, allowing for 
an approximately 20% improvement in fuel efficiency compared to its predecessor, the Boeing 
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767. Such statistics demonstrate the role composite materials are expected to play in the future of 
large-scale industries. 
 
Figure 1.1. Current and projected market value of composites in the United States from 2013 to 
2024 (in billion U.S. dollars) [6].  
 
Despite their advantages, continuous fiber reinforced composites fall short of achieving 
their theoretically expected properties, as their performance is ultimately dictated by the quality of 
the fiber-matrix interface. The large mismatch in stiffness between the fiber and the matrix, along 
with weak adhesion, result in poor load transfer between both interfacial constituents and induce 
delamination due to interlaminar stress concentrations [8]. The discrete fiber-matrix interface is in 
contrast to that found in natural functional materials, where biologically heterogeneous systems 
are typically assembled through hierarchically structured interfaces. These natural and functionally 
graded interfaces are able to bridge between soft and stiff components, providing the necessary 
load transfer mechanisms for simultaneously high strength and high stiffness materials, such as 
bones, teeth and cellular materials (Figure 1.2.) [9]. For example, the collagen fibrils in human 
bones are bonded through nanostructured hydroxyapatite crystals oriented along the fiber axis 
(Figure 1.2A)  [10]. Elsewhere, the strong, yet brittle enamel found in human teeth is bonded to 
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the tough and soft dentin through a multi-level micro-scalloped junction (Figure 1.2B)  [11]. These 
naturally nanostructured interphases between adjacent components provide natural materials with 
a combination of strength and toughness which is difficult to replicate in man-made heterogeneous 
materials. However, with the recent developments in the field of nanotechnology, the concept of 
assembling nanostructured interphases along the interfacial region of fiber reinforced composites 
with the goal of improving fiber-matrix adhesion has considerably grown in potential. 
 
Figure 1.2. Hierarchical structure of bone, teeth, and bamboo. A) Schematic representation of 
nanometer and micrometer scale hierarchical structure in human compact/cortical bone. B) 
Schematic representation of the dentino-enamel junction combining and bridging the hard enamel 
and soft dentin of a human teeth. C) The functionally graded structure of bamboo composed of 
cellulose fibers embedded in complex structures. The radial density gradient of the parallel fibers 
enables high load transfer and increased flexural rigidity [10,11].  
 
In this research, the interfacial and interlaminar properties of fiber reinforced polymer 
matrix composites are improved using a number of nanomaterial-based modification approaches 
and techniques. Aramid, zinc oxide, and graphene nanomaterials are integrated into aramid, glass, 
and carbon fiber reinforced composites in order to improve structural and ballistic properties, such 
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as interfacial shear strength, Mode I & Mode II fracture toughness, short beam shear strength, and 
ballistic limit. The various nanomaterial-fiber surface and nanomaterial-polymer matrix 
interactions were both chemically and mechanically characterized and optimized in order to 
maximize the mechanical performance of the hierarchical composites, all while ensuring the 
conservation of in-plane or tensile properties. Finally, the modified failure modes as a result of the 
introduction of such interphases and interlayers are studied and investigated for greater 
understanding of their reinforcement mechanism and their contribution to the improved interfacial 
adhesion. Below is a brief review of the history of composites and their structural and non-
structural applications, followed by a literature review of the various reported methods and 
techniques that aim to enhance interfacial and interlaminar properties in fiber reinforced polymer 
composites. The purpose of the following review is to demonstrate the advantages of a benignly 
introduced and functionally graded nanostructured interphase or interlayer over a traditional fiber-
matrix interface and other interfacial reinforcement approaches that result in composite 
performance trade-offs. 
 
1.2. History of composite materials  
The use of composites by humans can be traced back to early civilizations, as archeological 
evidence indicates that Mesopotamian and Egyptians settlers (1500 B.C.) used a combination of 
straw and mud to build strong building structures, boats, and pottery products [12]. Later, around 
1200 AD, the Mongols were able to establish military dominance due to their invention of archery 
composite bows [12]. These bows were formed by bonding wood and bones using protein colloid 
adhesives derived from animals. However, it was not until the emergence of synthetic resins during 
the late 1800s that the modern era of composites was made possible. Plastic materials, such as 
vinyl, polyester, and phenolic, that outperform nature-derived resins were finally obtainable 
through a relatively simple polymerization process that induces crosslinking between its molecules 
[13]. After the introduction of fiberglass by Owen Corning in 1935, fiber reinforced polymer 
matrix composites began to slowly find use in marine and aerospace applications [12].  Following 
the start of World War (WW) II, the increasing need for lightweight and high strength military 
structures further accelerated the growth of the composites industry as it is estimated that over 
seven million pounds of fiberglass composites were used for military applications during the war, 
primarily in boats, airplanes, and electronic radar equipment sheltering [1]. Post WW II, 
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composites continued to gain popularity in a number of new fields, as novel manufacturing 
processes and techniques consistently emerged. This allowed for the integration of fiber reinforced 
composites into medical, marine, automotive, oil production, and consumer goods industries [5]. 
With the emergence of aramid and carbon fibers during the 1970s, composites began to find use 
in ballistic and infrastructural applications [1]. The high energy absorption of aramid fibers made 
them ideal for ballistic applications, such as body armor, while the exceptionally high specific 
strength of carbon fibers allowed them to replace steel in a number of structural components [14]. 
With that, the first ever all-composite-superstructure vehicular bridge was installed in Russell 
Kansas in 1996, and numerous other all-composite-superstructures followed over the next two 
decades [15]. Recently, as composite demand continues to grow (Figure 1.3.), research centers 
around the world are focused on developing new fabrication techniques, such as 3D printing and 
tow steering, along with incorporating new functionalities into them for various structural and non-
structural applications [16,17]. Below is a brief review of the various structural and non-structural 
functions that are currently expected to be improved or integrated into fiber reinforced polymer 
matrix composites. 
 
Figure 1.3. Composite materials shipments in the United States in 2016 and 2022, by application 




1.2.1. Structural functions in composites 
Composite materials used in structural and ballistic applications are continuously expected 
to be improved and display enhanced load bearing capacities. While various forms of 
reinforcement phases can be used (Figure 1.4.), continuous fiber reinforced composites remain the 
most popular choice in many structural and ballistic applications [5]. A desirable feature in fiber 
reinforced polymer matrix composites is the achievement of a  simultaneously high strength and 
toughness performance [1]. While carbon and fiberglass reinforced composites have been shown 
to possess high specific strength and stiffness, their brittle nature and tendency to delaminate cause 
them to lack the necessary toughness required in many structural and ballistic applications [18,19]. 
In contrast, aramid fiber reinforced composites are known for their high fracture toughness and 
energy absorption ability, as manifested through their impressive ballistic limit, damping, and 
fatigue performance [20]. Yet due to poor interfacial adhesion, aramid composites display 
considerably inferior in-plane properties relative to their carbon and glass counterparts. This has 
resulted in the need to use composites in conjunction with other conventional materials, such as 
metals and ceramics, in order to satisfy the targeted strength and toughness application 
requirements [21]. Originally, the development of advanced and multifunctional structural 
composites aimed to enhance a combination of two or more of these properties. This has been 
primarily achieved using a variety of techniques that exclusively focus on either the fabric or the 
resin matrix [5]. These optimizable parameters include the elastic and viscoelastic properties of 
the matrix, fabric architecture and areal density, the number of plies used, and ply stacking 
sequence [22]. A popular approach is hybridization, whether through the weaving of tough polymer 
and stiff ceramic tows together into one fabric, or through the stacking of polymer and ceramic 
fabrics within one laminate [23,24]. Similarly, the choice of resin can be optimized to suit 
application requirements, as matrix compliancy and toughness heavily contribute to the overall 
performance of the composite [25]. While, strong and stiff matrices are ideal for structural 
applications, more compliant and tougher matrices are capable of absorbing a higher degree of 
impact energy [26].  However, the mutual exclusivity of strength and toughness in high 
performance thermoplastic and thermoset resins remains a limiting factor when aiming to 




Figure 1.4. Classification of composites based on dispersed phase and adopted configuration [5]. 
 Recently, a large portion of published work in the area of composites has focused on 
achieving these structural tasks through the introduction of a third, typically micro- or nanoscale 
phase capable of providing additional reinforcement [17,27]. Such a phase usually consists of 
fibers, wires, or particles that are directly introduced to the matrix, the fiber surface, or at the level 
of the interlaminar region with the goal of improving a number of mechanical properties within 
the composite [28]. Given the importance of load transfer between the fiber and the matrix, 
reinforcing the interface can be considered a key to designing multipurpose structural composites 
[25]. In later sections, a review of physical matrix and fiber surface modification techniques will 
be presented, and their influence on the structural properties of the bulk composite will be 
discussed. Additionally, given the increasing weight restrictions and higher flexibility demands, 
the introduction of non-structural functions into fiber reinforced polymer matrix composites to 
further expand their multifunctionality is another prominent area of research, of which a brief 
review will be presented below. 
 
1.2.2. Non-structural functions in composites 
 With the goal of reducing the overall weight, cost, and complexity of composite structures, 
many researchers have focused on integrating non-structural functions into fiber reinforced 
composites. This allows for the partial or complete elimination of components that are typically 
necessary, as the composite structures is moved toward a more self-sufficient performance. 
Therefore, in addition to their load-bearing functions, these types of composites can be expected 
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to possess one or multiple non-structural functions such as energy harvesting and storage [29–31], 
structural health monitoring [32–35], sensing and actuation [36–38], self-healing [39–42], thermal 
and electrical conductivity [43,44], electromagnetic shielding [45], or biodegradability and 
recyclability [46,47].   
The listed non-structural functions are integrated into composites using a variety of 
techniques and approaches. For example, by introducing the ability to harness wasted kinetic 
energy from mechanical vibrations in aerospace and automotive applications, subcomponents, 
such as batteries, can be eliminated from the host composite structure. This can be achieved 
through the embedding of thin energy cells or supercapacitors within a composite laminate, 
allowing for a charge/discharge behavior that can harvest surrounding energy and  power certain 
electrical components [48,49]. Such multifunctional structural composites have been fabricated by 
Quian et al. by utilizing aerogel-modified carbon fabrics as large surface area electrodes and 
fiberglass membranes as separators, all embedded within a polymer electrolyte [50].  Another 
prominent approach is the use of piezoelectric materials, as their ability to easily convert 
mechanical vibration into a potential difference allows for easy and remarkable energy harvesting 
performance [29,31]. Early on, Lin et al. demonstrated the ability to integrate sensing, actuation 
and energy harvesting into fiber reinforced composites through the integration of barium titanate 
(BaTiO3) coated silicon carbide fibers [51,52]. The BaTiO3, a high dielectric piezoelectric material, 
is first embedded into a polymer before using it to form a shell around the structural fiber. More 
recently, Malakooti et al. reported the potential of piezoelectric ZnO NW interfaces to harvest 
surrounding energy (Figure 1.5.) [53]. The hydrothermally grown piezoelectric interphase is 
capable of generating up to 0.4 Volts peak-to-peak. The embedding of such functionality into 
composite materials at a nanoscale level opens the door for the fabrication of high strength 




Figure 1.5 High strength multifunctional composites with embedded energy harvesting through 
ZnO NWs. A) Schematic illustration of the hybrid composite energy harvester fabrication process. 
B) The dependence of the root mean square (RMS) voltage response on the RMS base acceleration 
when hybrid composite energy harvester is excited using a sine wave. C) Electromechanical 
frequency response function characterization of the hybrid energy harvesting composites with 
silver (Ag) doped and un-doped ZnO NWs compared to a base composite without a ZnO NW 
interface [53].  
 
 Sensing and actuation are other important functionalities that have attracted considerable 
interest in the field of multifunctional composites. As structural health monitoring continues to 
gain research traction, many nanomaterial-based techniques have been developed [54]. Whether 
through piezoresistive or piezoelectric nanomaterials, damage and strain has been successfully 
monitored in fiber reinforced polymer matrix composites by several researchers. Thostenson et al. 
demonstrated the ability of piezoresistive carbon nanotube (CNT) networks to detect structural 
damage in composite materials [55]. Elsewhere, Sharama et al. demonstrated damage detection 
ability in aramid fiber reinforced composites through the integration of a CNT buckypaper [56]. 
Recently, Groo et al. introduced similar functionality to both aramid and fiberglass reinforced 
composites using laser induced graphene (LIG) [57,58]. The piezoresistive nanostructured 
interphases are capable of detecting both damage and strain, displaying a fast, stable, and sensitive 
response. Other non-structural functionalities that piezoresistive nanomaterials have been shown 
capable of providing in fiber reinforced composites include out-of-autoclave curing [59,60] and 
joule heating [61,62]. Piezoelectric materials, such as ZnO [63], lead zirconate titanate (PZT) 
[51,64], and polyvinylide fluoride (PVDF) [64], have also been shown to be capable of  detecting 
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damage in fiber reinforced polymer matrix composites. While early work focused on the 
introduction of piezoelectric, hollow, and active micro-fibers into composite materials [65], more 
recently reported techniques focus on using nanostructured interphases. Groo et al. demonstrated 
that a hydrothermally grown ZnO nanowire interphase sandwiched between two carbon electrodes 
is able to detect multiple damage modes through passive voltage measurements (Figure 1.6.) [63]. 
  
 
Figure 1.6. In situ damage detection in fiber reinforced composites using integrated ZnO 
nanowires. A) Vacuum assisted resin transfer molding (VARTM) fabricated hybrid composite test 
specimen containing ZnO NWs. B) Measured load, voltage across specimen, and microphone 
pressure readings during tensile testing of specimen containing ZnO NWs [63].  
 
Complimentary to damage detection, damage repair is another highly coveted non-
structural function in fiber reinforced composites [40,66]. Inspired by biological systems, 
composite structures are ideally desired to be capable of sensing, toughening and, ultimately, 
healing in the presence of damage, and without the need for an external stimulus [10]. Self-healing 
research efforts have been primarily centered around repairing the matrix through three 
approaches: capsule based [67], vascular based [68,69], and intrinsic [66,70] (Figure 1.7.). 
Although microencapsulation is a convenient approach, it only allows for one polymer healing 
cycle, as the entirety of the healing agents are exhausted during the initial release.  Moreover, the 
empty capsules and vascular channels can act as defect sites that negatively affect the mechanical 
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performance of the composite structure. In contrast, intrinsic self-healing relies on reversible 
molecular interactions with the polymer matrix when subjected to a stimulus such as heat, light, 
or pressure [66]. Many of the intrinsic self-healing approaches have been based on polymerization-
depolymerization equilibrium, such as a Diels-Alders reaction [71]. Zhang et al. recently reported 
a comprehensive study that discusses a novel and highly thermally stable self-healing chemistry 
that allows for repeatable and efficient recovery of both polymer matrix and composite strengths 
[39,72]. The developed isocyanurate-oxazolidone (ISOX) polymers rely on the isocyanurate to 
oxazolidone transformation to achieve healing once a crack is propagated within the composite 
[73].  
 
Figure 1.7. Schematic of extrinsic and intrinsic healing mechanisms [66]. 
In brief, this section summarized primary and secondary functionalities of fiber reinforced 
composites. Through the presented review, it is evidently clear that nanotechnology is expected to 
play a prominent role in the development of multifunctional fiber reinforced polymer matrix 
composites. Nonetheless, structural functions remain critical to the integration of composites in a 
wider range of applications, as they aim to continue replacing metals and ceramics where possible.  
The purpose of the following review is to illustrate the various methods and techniques currently 
developed in order to mechanically reinforce and improve the performance of fiber reinforced 
polymer matrix composites for structural and ballistic applications.  
 
1.3 Polymer reinforcement  
Nanomaterials have been incorporated in polymer matrices with the goal of introducing 
new properties and improving their overall performance. The resulting class of materials, known 
as nanocomposites, can be designed, synthesized, and tailored for use in a wide range of structural 
and non-structural applications [74,75]. Given that the properties of the matrix heavily influence 
those of the composite, any improvement to the properties of the former is expected to yield similar 
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results in the latter. With that, the resulting nanocomposites are typically desired to exhibit superior 
thermal stability, chemical resistance, and mechanical properties, relative to those of the pristine 
matrix [76]. The improved thermoplastic and thermoset polymers are then usually integrated into 
multifunctional fiber reinforced composites. Yet, achieving a simultaneous improvement to both 
strength and toughness in these polymers remains a challenging task due to problems such as poor 
nanofiller dispersion, weak interfacial interactions, and chemical incompatibility, resulting in 
tradeoffs between these mutually exclusive  mechanical properties [74]. Below is a review of 
currently reported methods and techniques that use micro- and nanomaterials in order to improve 
the mechanical properties of polymer matrices, and subsequently fiber reinforced polymer matrix 
composites. 
 
1.3.1. Polymer nanocomposites  
When introducing a second phase into a host polymer material, it is important that the 
required modifications are performed in a benign, effective, and time-efficient manner that 
maximizes the structural performance of the nanocomposite. Many nanomaterials have been 
successfully employed as nanofillers within polymers and yielded considerable improvement to 
their mechanical properties. In comparison to reinforcements of larger scale, nano-reinforcements 
are able to produce a considerably larger interaction area within the matrix, thus allowing for more 
effective transfer of mechanical stresses between both constituents of the composite. Nonetheless, 
micro-reinforcements have also been extensively used to improve the mechanical properties of 
polymer matrices. For example, Tjong et al. reported a 125.5% and 27% increase in the Young’s 
modulus and tensile strength, respectively, of short glass fiber reinforced polyamide 6,6 (PA66) 
composites [77], while Zhao et al. demonstrated an improved wear performance when short glass 
fibers are introduced into polyimide (PI) [78]. Karsli et al. also observed 50% and 125% 
improvements to the modulus and yield strength of short carbon fiber reinforced polyamide 6 
(PA6), respectively [79]. However, these improvements are typically achieved using high micro-
inclusion weight fractions (wt%) that reach up to 30%, and are usually accompanied with severe 
reductions in the ductility and toughness of the matrix [80].In contrast, many nanofillers, 
specifically those with larger aspect ratio, are able to produce similar reinforcing performances at 
considerably lower weight fractions [74]. Nanoclay, a commercially successful nano-
reinforcement material, is an inorganic nanofiller that is capable of simultaneously improving the 
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strength and toughness of certain polymer nanocomposites using a weight fraction of less than 2 
wt% [81,82]. This advantage has led to its use in many cyclic loading and ballistic applications 
such as body armor [83] and military helmets [84]. However, the inorganic material is typically 
inert and requires specific and extensive surface treatments to both increase its reactivity and 
compatibility with the polymer matrix, and enable exfoliation [85,86]. Moreover, the simultaneous 
improvement of strength and toughness was limited to epoxy nanocomposites, as it was not 
applicable to other polymers such as PA6 [75], polypropylene (PP) [87], and high density 
polyethylene (HDPE) [88]. Other inorganic nanomaterials that have been exploited for mechanical 
reinforcement functions in polymers include silicon oxide (SiO2) [89], titanium dioxide (TiO2) 
[90], and nanodiamonds (ND) [91].  
  Alternatively, CNTs are nanomaterials that have attracted considerable interest due to their 
multifunctional properties and high aspect ratio. Given their unique characteristics, CNTs can 
serve multiple roles within polymer matrices by improving both their electrical and thermal 
properties, while also enhancing mechanical performance [92]. Using only 1 wt% of single-walled 
carbon nanotubes (SWCNTs), Gao et al. observed 107.5% and 153% increase in the tensile 
strength and Young’s modulus of electrospun PA-6 nanocomposites, respectively [93]. Similarly, 
Zhang et al. also reported 122% and 115% improvements in the tensile strength and elastic 
modulus, respectively, of 1 wt% CNT reinforced PA6 nanocomposites that were fabricated using 
melt-compounding, a more suitable approach for large scale industries [94]. Other CNT reinforced 
polymers that exhibited enhanced strength and stiffness include epoxy [95], PP [96], HDPE [97], 
polycarbonate [98], polystyrene (PS) [99], and poly(vinyl) alcohol (PVA) [100,101]. These 
improvements are attributed to the exceptional mechanical properties and high aspect ratio of 
CNTs, along with their ability to establish electrostatic and Van der Waals interactions with the 
polymer matrix [102]. The load transfer mechanism in CNT reinforced nanocomposites can be 
further enhanced using functionalization techniques, such as nitric acid oxidation, which populates 
CNTs with polar moieties that allow for greater chemical interaction with the polymer matrix 
(Figure 1.8.) [95,103]. Moreover, these improved mechanical properties of the nanocomposites are 
achieved with minimal decrease in their strain to failure, in comparison to that of short fiber 
reinforced polymers, thus largely maintaining the ductility of the polymers [104]. However, a 
preserved polymer toughness is not always guaranteed, as 1 wt% SWCNT reinforced PI fibers 
prepared using melt processing were found to suffer from an 85.7% decrease in strain to failure, 
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despite a 34% improvement to their tensile strength [105]. Due to their hydrophobic nature and 
tendency to aggregate, stable and uniform dispersion of CNTs in a liquid polymer reins are difficult 
to obtain [106]. This poor CNT dispersion in polymers leads to the formation of defects and 
agglomerations within the fabricated nanocomposites, causing for poor stress distribution and 
reducing their mechanical performance, especially at higher CNT weight fractions. Furthermore, 
as previously mentioned, the chemically inert surface of CNTs requires extensive chemical pre-
processing and functionalization in order to establish sufficient and viable interfacial interactions 
within the nanocomposites [95,107]. It is therefore desired to introduce high aspect ratio 
nanofillers with a readily available capacity to chemically interact with polymer matrices, and that 
are capable of improving the mechanical performance of polymer-based nanocomposites. 
 
 
Figure 1.8. Dispersion of functionalized CNTs in epoxy resin. A) Reaction of amine functionalized 
CNT with bisphenol A diglycidyl ether (DGEBA). B) High-resolution SEM image of CNT/epoxy 
fracture surfaces [95]. 
 
Aramid nanofibers (ANFs) are surface-reactive polymer nanofibers that have been recently 
shown to provide mechanical reinforcement in both stiff and soft polymers.  These nanofibers are 
obtained through a dissolution and deprotonation process that preserves their original chemical 
structure and increases the surface reactivity of the original fiber [108]. Xu et al. demonstrated that 
water-rich soft ANF-PVA composites fabricated using supercritical CO2 drying are capable of 
replicating the performance of structural biomaterial systems such as collagen-proteoglycan 
(Figure 1.9A)  [109]. Guan et al. also reported that solution cast 6.5 wt% ANF reinforced PVA 
nanocomposites exhibit 79.2% and 148.8 % increase in tensile strength and toughness, respectively 
[100]. Elsewhere, Lin et al. successfully isolated ANFs from a dimethyl sulfoxide (DMSO) 
solution using a simple, scalable, and low-cost dissolution approach (Figure 1.9B) [110]. When 
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1.5 wt% of the collected ANF powder was dispersed in epoxy, the nanocomposites displayed 28% 
and 22% increase in elastic stiffness and toughness, respectively. Such results are promising, as 
simultaneous improvements to both the strength and toughness of the matrix are rarely using other 
types of nanofillers. The theorized reinforcement mechanism in ANF reinforced nanocomposites 
is the improved stress transfer at the level of the nanofiller-matrix interface due to hydrogen 
bonding and π-π stacking between the reactive ANFs and the polymer matrix material [100,110–
112]. Such interactions are similar to the amide-amide hydrogen bonding found in macroscale 
aramids, and are believed to be responsible for the strong intermolecular bonding between the 
crystalline sheets of aramid materials [113,114]. While many of the developed nanocomposites 
can be used independently in a number of applications, many of them are incorporated into fiber 





Figure 1.9. ANFs as nanofillers in soft and stiff polymer nanocomposites. A) Water-rich Kevlar® 
based biomimetic nanocomposites. ANFs and PVA are dispersed in DMSO to form a hydrogel 
before freeze drying the mixture to yield an aerogel. The soft material exhibits exceptional load-
bearing and energy dissipation abilities that mimics cartilages found in humans and animals. B) 
ANF reinforced epoxy resin. The nanofibers are isolated from a suspension in the form of a 
powder, and re-dispersed in epoxy resin. The resulting ANF/epoxy nanocomposites are found to 
exhibit simultaneous improvements in strength, stiffness, and toughness [109,110]. 
 
1.3.2. Fiber reinforced polymer matrix composites 
A number of the previously discussed nanofillers have also been used to mechanically 
strengthen fiber reinforced polymer matrix composites through resin mixing. CNTs have been a 
popular nanofiller choice due to their multifunctional performance, allowing for the introduction 
of both structural and non-structural functions into composites [115]. Godara et al. reported an 
83% increase in the Mode I fracture toughness (GIC) of carbon fiber composites when 1 wt% of 
CNTs is dispersed in the resin bath prior to prepreg fabrication [116]. Such an approach was used 
in order to circumvent the well-known difficulties of dispersing CNTs in most polymers, yet CNT 
agglomerations still resulted in a 20% decrease in the tensile strength of the carbon fiber 
composites. The challenge of adequately dispersing CNTs within resin are further exacerbated 
when vacuum assisted resin transfer molding (VARTM) is used, as the GIC of the composites was 
reported to only increase by a maximum of 20% [117]. Dynamically, multi-walled CNTs and NH2-
CNTs have been shown to improve both  the impact strength and ballistic limit of fiberglass 
reinforced composites, respectively [118,119]. A number of other organic and inorganic 
nanomaterials have also been shown to yield improvements to the structural and ballistic fiberglass 
composite properties through a resin mixing approach, as detailed in Table 1.1. 
 




An alternative approach is to rely on soft, polymer based nanofillers in order to toughen 
stiff, yet brittle polymer matrices. For example, Ozdermir et al. used a dispersion of rubber 
nanoparticles in an epoxy matrix to yield a 250% improvement in the GIC of carbon fiber reinforced 
composites [129]. Uddin et al. also showed that the introduction of silica nanoparticles into the 
epoxy matrix phase can considerably improve both the longitudinal compression and transverse 
tensile strength of unidirectional fiber reinforced composites [130]. As previously indicated, large 
aspect ratio nanofillers are favored due to their ability to yield a considerably larger interaction 
area between the nano-reinforcement and the matrix. Nanomaterials such as such as nanocellulose 
fibers [131,132] and nanorods [133] have been previously dispersed at low concentrations within 
the liquid resin, and were shown to be able of improving the overall performance of the composite. 
Polymeric ANFs have also been introduced using various approaches in fiber reinforced 
composites with the aim of enhancing their mechanical performance [134,135]. Patterson et al. 
reported maximum improvements of 40%, 42% and 17% in interfacial shear strength (IFSS), short 
beam shear strength (SBS) and GIC, respectively, when ANFs were dispersed in epoxy matrix and 
then infused into aramid fabric to fabricate composite laminates (Figure 1.10.) [136]. The enhanced 
interfacial and interlaminar performance was attributed to the stronger and tougher epoxy matrix, 
along with the chemical compatibility and hydrogen bonding between the ANFs and both the 
matrix and macroscale aramid surfaces, respectively. Despite the improved matrix performance 
yielding enhanced composite properties, the problem of poor and weak adhesion between the fiber 
and the matrix remains unaddressed. Therefore, as detailed in the next section, great effort has 
Nanofiller Specimen Strain-rate Mechanical properties Improvement Ref 
SiC/SiO2  SF Quasi-static Interfacial shear strength 23%  [120] 
ZrO2  Laminate Quasi-static Flexural strength 22 % [121] 
GO  Laminate Quasi-static Flexural strength 21% [122] 
GnPs  Laminate Quasi-static Flexural modulus 26.3% [123] 
Nanoclay  Laminate Quasi-static Flexural modulus 25% [124] 
Nanoclay  Laminate Dynamic Impact energy 5% [125] 
NH2-CNTs  Laminate Dynamic Impact strength 56% [126] 
MWCNTs  Laminate Dynamic Ballistic limit 6.5 % [127] 
GnPs  Laminate Dynamic Projectile exit velocity 89% [128] 
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been allocated to developing interfacial reinforcement techniques that can improve interfacial 
adhesion and provide the desired structural and ballistic composite performance. 
 
 
Figure 1.10. ANF reinforced aramid fiber epoxy matrix composites. A) Schematic of matrix 
modified fiber reinforced polymer composite and the incorporation of ANFs. B) Single fiber 
pullout test for ANF reinforced aramid composites [136].  
 
1.4. Interfacial reinforcement  
The fiber-matrix interface represents the interaction area between the reinforcement and 
matrix phases of a composite material. Typically, the weak interface is a site for stress 
concentrations due the dissimilar nature of the composite constituents. Given the large mismatch 
in elastic stiffness between the fiber and the matrix, composite materials are usually unable to 
achieve their targeted properties, and are prone to quick failure under out-of-plane, transverse 
shear, and compression loading conditions [137]. It is thus necessary to understand the mechanics 
driving interfacial behavior during quasi-static or dynamic loading. These interfacial properties 
can be isolated and studied in depth through mechanical tests such as single fiber segmentation 
and pullout testing [138]. Given the size of the embedded fiber length during pullout testing, which 
will be discussed later, interfacial interactions can be described using the shear lag theory [8,139–
141]. While primarily used for short and discontinuous fiber reinforced composites, the shear lag 
theory offers insights into the interfacial load transfer mechanism. Assuming axial force 
equilibrium on a small element of the composite (Figure 1.11A) and around the fiber-matrix 
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where r0 is the fiber diameter. Assuming that the fiber and the matrix exhibit perfect adhesion, the 







          (1.2.) 
where Gm is the shear modulus of the matrix, and um (x, R) and um (x, ri) are the matrix displacement 
at r=R and r=r0, respectively. R is then chosen to be at a remote location from the fiber, where the 
matrix strain is uniform. It should be noted that the described relationship holds when assuming 
that the matrix solely carries shear stress, and thus any radial displacement is insignificant. 
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where Em and νm are the elastic modulus and Poisson ratio of the matrix, respectively. The short 
notations uR and ur0 are used to indicate um (x, R) and um (x, ri), respectively. Differentiating 
equation 1.3., a second order ordinary differential equation is obtained, whose solution is found to 
be: 
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When applying the boundary conditions of zero axial stress at fiber extremities, the resulting axial 
stress solution is of the form: 
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where L is the fiber half-length. Using equation 1.1, the interfacial shear stress can be expressed 










))      (1.8) 
Given that during interfacial testing, such as single fiber pullout (Figure 1.11B), interfacial shear 
stresses are induced along a short embedded fiber length through axial loading of the free length 
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of the fiber, shear lag theory represents a relatively accurate representation of the stress transfer 
mechanism at the fiber-matrix interface. Nonetheless, the assumed interfacial adhesion remains 
dependent on chemical and mechanical interactions between the fiber and the matrix, both of 
which can be improved using a variety of techniques. The following sections will detail the 
currently developed surface modification techniques to improve interfacial adhesion in fiber 




Figure 1.11. Load transfer at fiber-matrix interface. A) Shear lag model diagram for axial and shear 
stresses at fiber-matrix interface. B) Schematic of single fiber pullout specimen testing [141].  
 
1.4.1. Structural applications 
A strong and well-adhered fiber-matrix interface is necessary to maximize the performance 
of fiber reinforced polymer matrix composites used in structural applications. Such an interface 
can help increase delamination resistance, which is the primary failure mode of composites during 
service. The quality of the fiber-matrix interface is typically dependent on the degree of chemical 
interaction, mechanical interlocking, and the size of the interaction surface area between the fiber 
and matrix [8]. The literature review presented in this section is primarily dedicated to the various 
modification techniques pertaining to the chemistry and morphology of the fiber surface, and their 
resulting effects on the overall mechanical properties of composites, with particular emphasis on 




1.4.1.1. Chemical treatments 
A popular interfacial reinforcement approach relies on the introduction of functional groups 
onto the fiber surface in order to enhance chemical interaction between the fiber and matrix. As a 
result, various surface treatments have been investigated with the goal of changing the roughness 
and chemistry of the fiber surface to improve both the chemical interaction and mechanical 
interlocking with the polymeric matrix. Through chemical treatments such as gas plasma, acid 
[142–144] and base hydrolysis [142], and ultra-sonication [142–144], the surface roughness and 
density of polar functional groups on the surface of the fiber can be effectively increased. In 
particular, the treatment of aramid fibers using acids such as H3PO4 [142] and diluted H2SO4 
solutions [145] have been reported in the literature. Tarantili et al. reported an aramid fiber 
treatment method that employs a methacryloyl chloride and carbon tetrachloride solution [146]. 
The treatment is found to increase the flexural strength of the aramid reinforced composites by 
enhancing the surface energy and improving the fiber-matrix interaction, primarily due to the 
addition of methacrylic functional groups to the surface of the fiber. However, a severe decrease 
of approximately 50% in the tensile strength of the treated aramid fiber reinforced composites was 
reported and was attributed to the excessive etching suffered by the fibers. Yue et al. also proposed 
an acetic anhydride treatment followed by methanol washing for aramid fibers, and reported a 60% 
increase in IFSS [147]. It is claimed that the increase in IFSS is caused by the undulation of the 
fiber surface, thus improving mechanical interlocking. The surface was also found to be rich with 
oxygen functional groups,  allowed for enhanced chemical interaction between fiber and matrix 
[142]. However, prolonged acid treatments were detrimental to the core of the fiber, resulting in a 
41% decrease in IFSS compared with that of bare fibers, as the harsh treatment condition severely 
damage the fiber surface and exposes its core. Another method used to introduce functional groups 
to fiber surfaces is plasma treatment (Figure 1.12) [148]. Li et al. reported the use of a polymer-
forming plasma treatment to deposit a polymer film containing active functional groups on fiber 
surfaces [149]. The allylamine plasma treatment leads to a dramatic increase in IFSS of ultra-high 
strength polyethylene (UHMWPE) fibers. However, it was also found that the tensile strength of 
the fibers decreased due to plasma etching. The combination of both plasma treatment and 
chemical treatment have also been prominent, as reported by Han et al. [150]. Carbon fibers were 
first plasma-treated and then immersed in an acidic solution containing silane coupling agents. An 
interlaminar shear strength (ILSS) improvement of 48% was observed; however, the tensile 
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strength of the carbon fibers was also decreased by 16% after an argon gas plasma treatment of 
only 3 minutes. Other plasma treatments, such as nitration-reduction [151], follow similar trends 
to what is discussed above, and any resulting improvements in the ILSS and IFSS of the 
composites come at the expense of the tensile properties of the fibers. 
 
 
Figure 1.12. Plasma treated carbon fibers. A) Diagram of plasma treatment equipment and their 
effect on the carbon fiber surface. B) SEM images of carbon fibers at different plasma treatment 
severity ranging from 30 seconds to 5 minutes [148].  
 
A series of chemical treatments and modification techniques, known as sizing, which are 
primarily used with fiberglass, have also been developed in order to increase reactivity between 
the fiber surface and the matrix [152–155]. Some benefits of surface sizing include overcoming 
frictional and electrostatic effects, or increasing the tensile strength of the fibers through the 
reduction of surface defects post-manufacturing [156]. However, the main role of sizing is to 
improve interfacial adhesion using chemical coupling agents that can interact with both the fiber 
and the matrix [157]. The treatment of fiberglass with silane coupling agents for composite 
applications has been extensively studied over the past several decades due to their ability to 
provide functional groups capable of bonding to both the inorganic glass surface and the organic 
polymer matrix. Korjakin et al. compared the performance of fiberglass composites with a 
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polyethylene surface treatment to that of silane, and found up to a 147% increase in Mode II 
fracture toughness (GIIC) when a silane coupling agent (SCA) combined with an epoxy modifying 
agent was used [158]. This is primarily attributed to the improved chemical bonding between the 
fiber and matrix, which results in an enhanced interfacial adhesion and improved stress distribution 
in fiberglass composites. Gao et al. also reported more than a 100% increase in IFSS and up to 94 
times higher debonding energy absorption when colloidal silica particles were introduced on the 
surface of fiber glass in combination with a commercial SCA [159]. In addition to the improved 
chemical interaction, the silica particles increase the surface roughness by up to 310%, creating a 
larger interaction surface area and providing anchoring sites for the fiber surface inside the resin 
matrix. However, many silane treatments are specific to the choice of resin, while multi-compatible 
silane treatments typically result in up to a 10% reduction in the in-plane performance of the 
composite [8]. Moreover, silanization of fiberglass can create a soft interphase which reduces both 
the composites stiffness and toughness [160], while also decreasing the glass transition 
temperature [161]. This can both limit the use of fiberglass composites in extreme temperature 
environments and complicate the design process of the composites and the prediction of the 
properties, given that nanoscale chemical interactions are mostly neglected in many practical 
engineering models of composite structures.  
Therefore, it can clearly be seen that the majority of chemical treatments lead to a trade-
off between different mechanical properties of fiber reinforced composites. With that, the focus of 
recent research has shifted to investigating the potential of nanostructured interphases in yielding 
both improved mechanical and chemical interactions between the fiber and the matrix. Below is a 
review of some of the more promising interphase design techniques reported in literature. 
 
1.4.1.2. Nanostructured interphases 
 Interphase design is a prominent technique when it comes to interfacial reinforcement in 
fiber reinforced composites. Typically, the interphase is grown or adhered to the fiber surface, 
resulting in a larger interaction surface area and increased roughness. Some of the most recently 
discussed interphase design materials in the literature include CNTs [115], ZnO nanoparticles 
[162], TiO2 nanoparticles [163], and aramid nanofibers [110]. The high aspect ratio and tunable 
surface chemistry of CNTs have led to their introduction into fiber reinforced composites through 
a variety of methods aiming to improve the interfacial adhesion and overall performance of the 
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composite [164,165]. The growth of CNTs on ceramic fiber surfaces, such as carbon and glass, is 
typically achieved using chemical vapor deposition (CVD) (Figure 1.13.) [166]. Qian et al. 
reported that the grafting of CNTs on the surface of silica fibers yields a 150% increase in IFSS of 
their composites [167], however, the tensile strength of the silica fibers decreases significantly due 
to a combination of catalyst etching and high-temperature processing (600 °C). Elsewhere, Downs 
et al. showed a more than 400% increase in IFSS of carbon fiber composites containing a 
hierarchical CNT interphase under quasi-static loading conditions, yet at the expense of the tensile 
strength of the fibers [168]. Therefore, CNT grafting using CVD is expected to severely damage 
organic fibers such as carbon. As a solution, Anthony et al. recommended the application of a 
potential difference during synthesis to preserve the tensile strength of carbon fibers. However, the 
resulting interfacial shear strength (IFSS) of the CNT coated carbon fibers was at best similar to 
that of commercially sized fibers [165]. Moreover, the high operating temperatures used for CVD 
is incompatible with polymer fibers, such as aramids and polyethylene, as they risk melting. 
Nonetheless, the lower reactivity of inorganic fiberglass allows for the optimization of CVD 
conditions in order avoid the degradation of the strength and tensile properties of the fibers [169]. 
However, CVD remains an energy intensive method that allows for minimal control over the 
adhesion between the CNTs and the fiber surface, while the high processing temperatures also risk 
burning off existing sizing that was introduced during fiber manufacturing [169]. Alternatively, 
Godara et al. used a benign drawing technique to coat fiberglass with CNTs, and observed more 
than a 90% increase in IFSS [170]. Another relatively harmless technique is electrophoretic 
deposition (EPD), which was used by An et al. to yield up to 50% increase in the IFSS of E-glass 
fibers [171]. EPD overcomes the electrically insulating nature of fiberglass by applying intimate 
contact between the fabric and a cathode [169,172], however, the method is shown to result in 
CNT coatings of non-uniform thickness which negatively affects resin wetting.  Similar techniques 
have been used to strengthen the fiber-matrix interface using graphene-based nanomaterials; yet 




Figure 1.13. CNT coated carbon fibers. SEM images of as-grown and acid treated CNTs on 
activated carbon fiber fabrics using a low concentration of catalyst impregnation solution (0.1 M) 
[166]. 
 
Hydrothermal reactions are another viable technique for the synthesis of multifunctional 
nanostructured interphases on the surface of organic fibers without deteriorating the mechanical 
properties of the fiber [53,63]. Recently, ZnO NWs have been shown to be a promising, 
multifunctional whiskerization material when vertically synthesized on the surface of reinforcing 
fibers (Figure 1.14.) [144,180,181]. The surfaces of the fibers can be whiskerized with arrays of 
ZnO NWs using hydrothermal (<90 °C) aqueous solution-based processes that entirely preserve 
the strength of the fiber. The NWs result in a considerably increased interaction surface area, 
providing an interlocking tool between the fiber and matrix. Galan et al. reported a 228% 
improvement in the IFSS of carbon fiber reinforced polymer matrix composites during quasi-static 
loading when ZnO NWs with an optimized aspect ratio were introduced onto the surface of the 
carbon fibers [182]. It was observed that IFSS increased approximately linearly with both 
increasing NW length and diameter. Swaminathan et al. also reported a 430% increase in the IFSS 
of ZnO NW coated fiberglass using a similar hydrothermal method [183]. The benign 
hydrothermal method is similarly applicable to polymer fibers, as shown by Ehlert et al. who 
showed that using a functionalization and ion exchange procedure, the aramid fiber surface can 
populated with carboxylic acid prior to NW growth, thus improving adhesion between the fiber 
and the ZnO NWs and resulting in a 51% increase in IFSS [184]. In fiber reinforced composites, 
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the introduced ZnO NWs are able to provide out-of-plane reinforcement under quasi-static loading, 




Figure 1.14. ZnO coated IM8 carbon fibers for improved interfacial shear strength (scale bars are 
5 µm) [181].  
 
Polymer nano-reinforcements have also been used to realize nanostructured interphases on 
fiber surfaces. Lee et al. successfully coated carbon fibers with ANFs, aiming to improve the 
interactions between carbon fibers and the epoxy matrix [134]. The ANF coating is created using 
anodic EPD approach, taking advantage of the negative charge and high electrical mobility of the 
ANFs in the colloidal solution. With ANF coating concentrations as low as 0.025 wt% on the 
carbon fiber, surface free energy and IFSS were found to increase by 39.7% and 34.9%, 
respectively. However, as the wt% of the ANFs was increased, SBS improvement was limited by 
poor resin infiltration and reduced surface roughness due to excessive coating. Park et al. also 
employed a graphene oxide (GO) functionalization to the surface of the non-conductive fiberglass, 
before performing layer-by-layer (LbL) assembly of ANF coatings in a diluted (0.04 wt%) ANF 
suspension [135].However, the time-consuming functionalization and assembly process resulted 
in only 23% and 39% improvements to the fiberglass surface free energy and IFSS, respectively. 
The smooth ANF coatings induced insignificant changes to the surface roughness and yielded near 
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identical mechanical testing results in comparison to those when using only a GO layer. Therefore, 
while promising, the potential of ANFs to both improve mechanical interlocking between the fiber 
and the matrix and enlarge the interaction surface area has not been fully realized. 
In summary, the fiber-matrix interface can be reinforced using a number of techniques that 
yield improved composite structural performance. However, in the case of ballistic applications, a 
different set of interfacial properties is required. This presents significant obstacles when trying to 
design a fiber-matrix interface capable of simultaneously satisfying structural and ballistic 
application requirements. In the following section, a review of the developed methods and 
techniques to improve the ballistic properties of both woven fabric and fiber reinforced polymer 
composites will be presented. 
 
1.4.2. Ballistic applications  
Armors used for ballistic protection can be qualified as either soft body armor or hard body 
armor. Due to their lightweight nature, composite materials are growing in use for ballistic 
applications, whether in the form of fabric or fiber reinforced composites. In the case of soft body 
armor, polymeric fabrics, such as Kevlar® and Spectra®, have been used to protect soldiers and 
law enforcement personnel ever since their invention in the 1960s [185,186]. However, despite 
their advantages, current soft body armor requires thick layers (~ 50 layers), and are only able to 
protect against low energy projectile, such as handgun munitions and low speed debris [187,188]. 
Given that the performance of these fabrics is heavily dependent on interyarn friction, the 
improvement of fiber-fiber interactions can heavily enhance the impact response of the fabric. 
Elsewhere, hard body armor is required to provide ballistic protection in helmets, shields, combat 
vehicles, and military shelters [189–191]. These structures typically require a simultaneously high 
structural and ballistic performance. However, while structural applications require strong 
interfacial adhesion, a weaker fiber-matrix interface allows for higher energy absorption when 
composites are subjected to a ballistic impact [192]. The described contrast in optimal interfacial 
properties results in considerable design challenges, clearly highlighting the necessity of 
composites capable of meeting such performance duality. In the upcoming sections, a review of 
currently reported methods and techniques found in the literature to improve the ballistic 





 Due to their superior energy absorption abilities, polymer fabrics are a popular choice in 
soft body armor applications. This has spurred considerable research aiming to improve the 
ballistic performance of dry woven polymer fabrics through techniques ranging from numerical 
analysis and modeling, to experimental studies and mechanical testing [193]. The effects of 
multiple fabric and environmental parameters on impact response have been investigated, 
including the number of fabric plies used and their stacking sequence, fabric architecture, interyarn 
friction, operating temperatures, and projectile characteristics [193]. By accounting for the contact 
between adjacent plies of a target, the numerical model proposed by Ting et al. demonstrated an 
improved ballistic performance with increased friction slippage at yarn crossing points [194]. Such 
results indicate the importance of interyarn friction as an energy dissipation mechanism of impact-
loaded woven fabrics. Experimentally, the energy absorption of polymer fabrics was found to be 
roughly proportional to the areal density, but not to the mesh density or weave tightness [195]. 
Hybrid fabrics composed of a combination of aramid (Kevlar®) and carbon fibers were also found 
to exhibit superior ballistic performance [196], while the difference in the performance of the plied 
versus spaced configuration was concluded to be dependent on the geometry and velocity of the 
impacting projectile [197,198]. Other studies focused on the effects of fiber twist and yarn crimp 
on the ballistic performance of the fabric. Rao et al. optimized the tensile strength of fibers through 
a twist angle of 7° [199], while Chitrangad et al. reported an improvement in the limit velocity 
required for a projectile to penetrate target fabrics, known as the V50 speed, when hybridized 
weaves were designed for simultaneous failure of weft and warp yarns [196]. By replacing the 
original weft yarns with ones possessing larger elongation, the effect of yarn crimp was mitigated, 
and yarn undulation was reduced. Moreover, low-temperature operating conditions were also 
found to be ideal for the energy absorption performance of fabrics such as Dyneema® and Kevlar 
29®, as increasing temperatures led to a decrease in the elastic modulus of the fiber [200]. Finally, 
projectile properties, such as geometry and mass [195], angle of incidence [201], and point of 
impact [202] were also found to have significant impact on the ballistic performance and energy 
dissipation mechanisms of woven fabric. 
As previously stated, a significant energy dissipation mechanism during the impact 
response of woven fabrics is interyarn friction, as the mobility and friction between fabric yarns 
during impact is directly correlated to the fiber–fiber interfacial properties of the fabric. Recently, 
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many fiber surface modification techniques, such as lubrication [203,204], coatings [205–207], 
and interphase design [162,167], have been proposed to improve the impact response of fabrics 
through increasing interyarn friction. Dischler et al. reported a superior distribution of ballistic 
energy and improved interyarn friction in aramid fabrics when a 2 µm pyrrole thick coating was 
applied to the aramid fibers [208]. Moreover, Chitrangad et al. developed a fluorinated finish for 
aramid fibers that increases interyarn friction [209], however, the finishing was found to be 
incompatible with water-repellant agents, leading to increased slippage of the bullet between yarns 
and lower interyarn friction in wet fabrics [210,211]. Impregnating Kevlar® fabric with colloidal 
shear thickening fluids was also reported as an applicable method to enhance ballistic performance 
through a reduced yarn mobility. Lee et al. reported an improved impact resistance at higher strain 
rates with no loss of fabric flexibility when using colloidal shear thickening fluids [188]. The 
improved properties at high strain rates were attributed to the transfer of the loading concentration 
from the primary yarns to the entirety of the aramid fabric. However, shear thickening fluids fail 
to provide any impact protection at lower strain rates or against stabbing attacks [212]. The use of 
ethylene/methyl acrylate copolymer coatings to improve the interyarn friction of aramid fabrics 
was also studied by Gawandi et al. It was reported that by hot pressing the polymer-coated fabric, 
transverse infiltration of the polymer coating into the yarn crossing sections can be achieved, and 
a 124% increase in tow pullout peak load was observed [213]. The improved fabric ballistic 
performance o obtained using the discussed surface modification techniques confirms the 
important role of interfacial properties to the impact response and behavior of aramid fabrics. 
Recently, interphase design has also found its way into the reinforcement of woven fabrics 
for ballistic applications. By grafting nanomaterials onto the surface of the fiber, sliding friction 
between yarns can be increased, as  the mobility of both the fiber and tows is decreased [162,167]. 
Obradović et al. demonstrated improved ballistic performance in aramid composites through the 
addition of silica nanoparticles to the fiber surfaces [214]. Labarre et al. also showed a 230% 
increase in the yarn pullout peak load by coating MWCNTs onto the surface of aramid fibers using 
an ultra-sonication treatment [206]. However, other more effective CNT grafting methods, such as 
CVD, require high operating temperatures that are incompatible with polymer aramid fibers. As 
previously discussed, the development of novel ZnO NWs hydrothermal growth methods has 
enabled the benign grafting of nanomaterials on aramid fiber surfaces without any degradation of 
the fibers [180,215]. Hwang et al. showed the ability to tailor the interyarn friction of ZnO NW 
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coated aramid fabrics by controlling the nanowire morphology, and observed up to 22.7 times 
higher energy absorption in comparison to an untreated fabric [216,217]. The increase in interyarn 
friction when a ZnO interphase is added limits yarn mobility within the fabric and results in an 
improved ballistic performance. Moreover, as seen in Figure 1.15., Malakooti et al. reported a 66% 
increase in the impact resistance of ZnO NW coated aramid fabrics, compared to that of untreated 
fabric, when subjected to intermediate velocity impact tests [218]. These improvements to the 
impact response of the fabric were explained to be a result of the increase in mechanical 
interlocking and contact area between neighboring aramid fibers and tows [137,219].   
 
Figure 1.15. ZnO nanowires coated aramid fabrics for improved impact response. A) & B) SEM 
images of the ZnO coated aramid fabric and its new morphology. C) & D) The flexibility of the 
fabric is found to be maintained post-growth, with only a slight color change [218]. 
 
While dry fabrics can be useful for ballistic protection in soft body armor, they are not a 
viable option when load-bearing abilities are also required. Therefore, many applications 
necessitate the use of fiber reinforced composites, where the structure should be able to 
simultaneously withstand both quasi-static and dynamic loading scenarios. In the following 
section, a review of methods and approaches that have been adopted to achieve these requirements 




1.4.2.2. Fiber reinforced polymer matrix composites  
Numerous techniques and methods have emerged to produce composite systems with 
simultaneously high ballistic and structural performances. In the mid-1990s, Fink et al. presented 
a multi-layer structural laminate for ground combat vehicle protection [220,221]. The proposed 
composite integral armor (CIA) included ceramic alumina tiles for ballistic protection and a thick 
composite plate to act as structural backing. However, the CIA possessed a low mass efficiency 
that fell considerably short of the requirements for military applications. Other methods aim to 
reduce the weight of the system through the use of polymer fiber reinforced polymer matrix 
composite laminates for ballistic reinforcement. This is evident in the design of U.S. military 
helmets, where carbon fiber shells are over-molded with layers of high-molecular-weight 
polypropylene in order to simultaneously provide structural integrity and ballistic protection [222–
224]. Alternatively, Harach et al. developed metallic–intermetallic laminates (MIL) as a new class 
of synthetic multifunctional materials [225]. Inspired by the multifunctionality of biological 
systems, titanium and aluminum foils are processed to produce metallic laminates with hierarchal 
microstructures that result in good structural and ballistic performance, in addition to their 
impressive electrical and thermal properties. While such composites achieve multifunctionality 
without the need for multiple components, the high areal density and rigidity of MIL limits its use 
in applications where flexibility and light weight are of high importance [226]. Another approach 
to improve the ballistic performance of fiber reinforced composites is through modifying the 
choice of matrix resin. Vieille et al. conducted a comparative study on thermoplastic- and 
thermosetting-based carbon fiber laminates and found that the former exhibited less delamination 
and better blast impact performance [227]. Yet weak fiber–matrix interfaces and low melting points 
have restricted thermoplastic resins to consumer goods and products.  
Considerable interest has been recently shown in modifying carbon fiber and fiberglass 
reinforced polymer matrix composites for high structural and ballistic performance using various 
techniques [228–230]. As previously mentioned, carbon fiber and fiberglass reinforced composites 
possess properties such as high specific tensile strength and  stiffness, and considerably low strain 
to failure, making them suitable for structural applications but not ideal for most ballistic ones 
[231]. This is primarily due to the localization of failure at the point of impact when these 
composites are struck by a projectile [232]. One way to improve the impact response of these 
composites is through the design of a fiber–matrix interface that improves structural performance 
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at low strain rate loading conditions, while maximizing its energy absorption at high strain rates. 
A weaker interface would enable the tough fiber of absorbing impact energy, whereas a strong 
interface would increase the resistance to delamination and matrix cracking of the composite under 
static loading. This dual structural performance would eliminate the need for multi-component 
protection systems, while satisfying weight, flexibility, and cost requirements. Many sizing 
techniques [205,233], and chemical and plasma treatments [234,235] have been reported for 
carbon fibers and fiberglass with the goal of tailoring the fiber–matrix interface for structural 
functionality and high and low strain rates. However, most of these methods result in fiber core 
damage and surface etching, leading to a considerable reduction in the tensile strength of the fibers, 
and thus sacrificing the structural performance of the composites for an improvement in their 
ballistic properties. 
As previously discussed, under quasi-static loading conditions, a hierarchical CNT 
interphase is capable of considerably improving interfacial adhesion in fiber reinforced 
composites. However, similar IFSS measurements under dynamic loading conditions are 
unavailable in literature due to the difficulty of replicating the necessary experimental conditions 
and high dimensional accuracy using dynamic actuators. This has led to greater focus on studying 
the bulk properties dynamically loaded carbon fiber reinforced composites containing CNTs. 
Sharma et al. reported a 48% increase in impact strength of CNT coated carbon fiber reinforced 
composites when tested using a drop tower impact system [236]. This improvement in impact 
strength is attributed to the ability of CNTs to bridge micro-cracks near the fiber matrix. However, 
as discussed, CNT synthesis is achieved through high temperature CVD processes that require the 
use of catalysts, resulting in significant degradation of the fiber strength. Thus, any interfacial 
improvement gained under static and dynamic loading conditions comes at the expense of in-plane 
properties. Recently, Groo et al. demonstrated that piezoelectric interphases provide larger 
improvement to the damping behavior of carbon fiber composites, relative to non-piezoelectric 
ones of similar morphology [237]. Such behavior is attributed to the ability of piezoelectric 
material to convert vibrational energy to electrical energy that can be easily dissipated through the 
conductive fibers. While there has been no research on the impact response of ZnO coated fiber 
reinforced composites, many studies have shown that a ZnO interphase possess the potential of 
improving the ballistic performance of composites. Malakooti et al. demonstrated that the addition 
of a ZnO NW interphase to hybrid carbon fiber composites leads to a remarkable increase in 
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damping properties and flexural rigidity (Figure 1.16). Specifically, when ZnO NWs are added, a 
200% increase in loss factor was observed over a neat composite, while the energy absorption of 
the composite was also improved [215]. Therefore, previous studies have shown that a ZnO NW 
interphase can increase the IFSS of composites under quasi-static loading conditions, while 
showing great promise for being a suitable interphase in ballistic applications. Nonetheless, 
understanding the behavior of a ZnO interphase within a fiber reinforced composite and its 
influence on the mechanical performance and interfacial properties of the composite under 
intermediate and high strain rate loading conditions is necessary and important before its 
integration into ballistic applications. Yet as previously mentioned, this remains to be studied, 
characterized, or reported in the literature. 
     
Figure 1.16. ZnO NW arrays for hybrid composites with high damping. A) SEM cross-sectional 
images of carbon fiber composites containing ZnO NWs. B) Schematic illustration of the ZnO 
modification to carbon fabric for hybrid composites.  The damping of the hybrid composites is 
found to be improved with increasing nanowires diameter as shown by an increases in tan δ [215]. 
 
The interfacial reinforcement techniques detailed in this section have great potential to 
introduce a new generation of hierarchical fiber reinforced composite materials with improved 
properties and multifunctionality. However, an alternative approach aims to suppress delamination 
in composite materials by specifically addressing the weaknesses of the interlaminar region. The 
nature of these developed interlaminar reinforcements are investigated in the next section. 
 
1.5. Interlaminar reinforcement  
Delamination in fiber reinforced composites typically occurs due to the propagation of 
cracks within the interlaminar region. This region consists of the zone between adjacent plies of a 
composite laminate, and is primarily composed of matrix, while being bounded by fiber matrix 
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interfaces [238]. As a result, the mechanical performance of the interlaminar region relies on 
properties such as matrix toughness and interfacial adhesion [239]. Therefore, by redesigning the 
interlaminar region to push crack initiation and propagation away from the weakly adhered 
interfaces and into the tougher matrix, delamination can be partially or completely suppressed in 
fiber reinforced composites. 
Previously developed interlaminar reinforcement techniques have primarily focused on 
modifying the structure of the fabric, the fiber-matrix interface, or the polymer matrix, all with the 
goal of improving the fracture toughness of fiber reinforced composite. Reported methods such as 
3D weaving [240,241], braiding [242,243], and tufting [244] have each been shown to provide 
through-thickness reinforcement and lead to increased resistance to delamination in composite 
materials. Unfortunately, these techniques are limited to textile laminates that are fabricated using 
resin transfer molding techniques, and thus cannot be applied to prepreg laminates. However, this 
can be overcome using z-pinning, a method that aims to provide higher resistance to delamination 
using metal or fiber reinforced composite nails that mechanically bind plies together [245,246]. 
This extensively studied technique for out-of-plane reinforcement has shown that the addition of 
a 4% volume fraction of z-pins can improve the out-of-plane strength of prepreg laminates by more 
than 20% [245].  Yet this improvement typically comes at the expense of the composite’s in-plane 
properties, as the introduced z-pins are shown to reduce tensile properties by up to 10% due to 
fiber damage and the formation of in-plane defects. Other research has focused on the replacement 
of the brittle epoxy matrix used to bind the plies with a more ductile thermoplastic matrix [247–
249]. Freiderich et al. found that a polyether ether ketone (PEEK) matrix resulted in GIC and GIIC 
values that were up to 10 times higher than those of epoxy based carbon fiber composites [250]. 
However, high toughness thermoplastic matrices present significant challenges in the form of their 
high processing temperatures and increased cost, thus limiting their use in large scale industries.  
Given the increasing interest in the introduction of nanomaterials into composite materials, 
considerable research has been allocated to understanding their ability to toughen fiber reinforced 
composites. Wang et al. reported an improvement of up to 20% in both the GIC and GIIC of carbon 
fiber composites when silicon carbide (SiC) whiskers were dispersed along the surface of the 
prepregs before the layup process. This has been attributed to the ability of the whiskers to bridge 
any crack forming between plies and resist its propagation. Similarly, interleaving is a technique 
that aims to interrupt crack propagation in fiber reinforced composites through the introduction of 
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an inter-ply nanostructured layer [251,252]. These interleaves are typically required to be 
lightweight, thin, and porous to avoid any penalties to the weight, in-plane properties, or resin 
impregnability of the composite. This is can be achieved through the electrospinning of 
thermoplastic nanofibers on the surface of prepregs and fabrics, which is a method that has shown 
great promise in strengthening the interlaminar region of composites [253–256]. Hamer et al. 
reported a maximum improvement of 300% in the GIC of carbon fiber reinforced composites 
through the electrospinning of Nylon 66 nano-fibril mats [257], while Magniez et al. achieved a 
57% increase in GIIC when polyvinylidene fluoride (PVDF) nanofibrous membranes were 
electrospun onto carbon fabrics [258]. However, the PVDF interleave also resulted in a 20% 
reduction in GIC, leading to a tradeoff between the interlaminar response of the composite under 
different loading conditions. Zhang et al. reported a 32% improvement in the GIC of carbon fiber 
composites when polyetherketone cardo (PEK-C) nanofibers are electrospun on the surface of the 
carbon fiber fabric (Figure 1.17.) [256], however, the PEK-C nanofibers also resulted in an 18% 
decrease in flexural strength. Li et al. observed a 281% increase in the GIC of carbon fiber 
reinforced composites containing electrospun polysulfone membranes, along with a slight 
improvement in the flexural properties [259]. Other polymer nanofibers that have also been shown 
to improve the interlaminar properties of carbon fiber composites include polycaprolatone [260], 
polystyrene [255], Polybenzimidazole [261], and Polyamide-66 [252,257]. Despite these 
improvements, the time-consuming nature and complexity of the electrospinning process limits it 
from being incorporated into the fabrication of large composite structures. Therefore, it is 
necessary to develop simple, efficient, yet also effective interlaminar nano-reinforcement solutions 




Figure 1.17. Polyetherketone-cardo (PEK-C) nanofiber toughened carbon fiber reinforced polymer 
matrix composites. A) SEM images of electrospun PEK-C nanofibers with various diameters. B) 
Delamination fracture toughness of carbon fiber composites containing PEK-C interlayer. The 
performance of the interlayer is found to be dependent on its thickness and the diameter of the 
nanofibers [256]. 
 
In addition to the previously described techniques, CNTs can be introduced into fabrics and 
prepregs through spraying [262,263], array transferring [264], and interleaving[265–267] prior to 
composite curing and fabrication. Given the difficulties in effectively realizing good CNT 
dispersion in resins, interleaving through a number of approaches such as veiling [268] and 
buckypapers [265] have recently gained popularity. Lee et al. demonstrated up to 350% and 246% 
increase in GIC and GIIC, respectively, when a CNT coated nano-woven tissue was introduced in 
carbon fiber composites [266]. Ou et al. also showed that multi-walled CNT veils can increase the 
GIC of carbon fiber composites by 20%, while CNT buckypapers allowed for a 31% and 104% in 
the ILSS and GIIC of the composites, respectively [268]. These improvements were attributed to 
the ability of the interlayer to stop crack propagation and induce sufficient fiber bridging in order 
to delay interlaminar failure. Similarly, other techniques rely on GO interleaves and interlayers to 
toughen carbon fiber reinforced composites [269,270]. Ning et al. reported a 170.8% increase in 
GIC when GO sheets are introduced in the form of an interleave in carbon fiber composites [271]. 
In a series of studies, Liu et al. reported 102.3 % and 154.47% improvements in the GIC and GIIC 
of carbon fiber composites reinforced using a multilayers graphene/CNT spray-coated interlayer 
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[272,273]. Jia et al. also developed a 3D network graphene interlayer capable of realizing 70% and 
206% increases in GIC and GIIC of carbon fiber reinforced composites [274]. Yet, the described 
process requires CVD growth of the 3D graphene network and considerable pre-processing prior 
to introduction in composites, thus reducing its time, cost and energy-efficiency. Finally, the 
transfer of vertically aligned CNT forests from a substrate onto the surface of carbon fiber prepregs 
has also been shown to toughen carbon fiber composites. The thin interlayer allows for the 
maintenance of the in-plane properties of the composites, while yielding 100% and 200% higher 
GIC and GIIC, respectively, by acting as “nanostitches” that join plies together (Figure 1.18) [275]. 
The original results from the technique reported considerable performance enhancement, however 
the CNT length could not be consistently processed to a length below 100 µm due to the rapid 
growth rate, leading to an increase in the interlaminar spacing by approximately 50 times the 
original value, and thus significantly reducing fiber volume fraction and in-plane strength.  More 
recent studies that have used reduced length nanotubes have reported only marginal improvements 
to the fracture toughness and ILSS of a composite.  For instance, Lewis et al. reported only a 6% 
improvement in the ILSS of IM7/8552 carbon fiber composites reinforced with CNTs, and a slight 
decrease in ILSS when using Toho Tenax HTS40/Q-1112 prepreg system [276]. Ni et al. reported 
their latest GIC results at the 2019 AIAA SciTech Conference and showed a 6% decrease in the GIC 
of CNT reinforced AS4/8552 prepreg, along with an unchanged GIIC [277]. Furthermore, these 
methods are challenged by the high cost of CNT synthesis, which remains an obstacle to their 
integration in industrial composite structures. 
 
 
Figure 1.18. Use of vertically aligned CNTs to join prepreg composite interfaces. The illustrated 
mechanism shows vertically aligned CNTs bridging the crack between two plies, along with SEM 




The presented review clearly shows that the use of nanomaterials to modify structural and 
non-structural properties of fiber reinforced composites has been a rapidly growing research field. 
With the continuous development of new nanomaterials, their role and contribution to the 
improved performance of composite materials is ever evolving. This dissertation focuses on three 
novel nanomaterials and their potential in achieving various structural functionalities in composite 
materials, as will be discussed below.  
 
1.6. Choice of nanomaterials 
 While there are a number of nanomaterials that can be used improve the structural 
performance of fiber reinforced composites, this dissertation focuses on three novel ones: aramid 
nanofibers and nanofibrils, ZnO NWs, and laser induced graphene (LIG). Each of these materials 
possess its own advantages and disadvantages, as well as various potential applications or uses 
which are discussed in detail in the following sections. 
 
1.6.1. Aramid nanofibers (ANFs) and nanofibrils 
         Until recently, polymeric nanofibers could primarily only be obtained through 
electrospinning or polymerization induced self-assembly techniques [278]. In 2011, ANFs were 
proposed by Yang et al. as a polymeric nanoscale building block that could be exploited in a large 
number of applications [108]. The unprecedented ANF polymeric dispersions are obtained through 
the dissolution of macroscale aramid fibers in a basic DMSO solution that abstracts mobile 
hydrogen bonds from the amide functional groups, and considerably weakens hydrogen bonding 
between polymer chains. The increased electrostatic repulsion within the aramid structure leads to 
the dissolution of the macroscale fiber into nanofibers of identical chemical structure. The resulting 
large aspect ratio nanofibers presumably maintain the aromatic polyamide backbone, excellent 
mechanical properties, and thermal and chemical resistance of macroscale aramid fibers. However, 
the originally inert aramid surface is also enriched with polar functional groups that increase their 
reactivity, such as carboxylic acids, carbonyls, and hydroxyls [136].  Moreover, ANFs have been 
found to exhibit excellent water repellency, while also being capable of providing high ultra-violet 
(UV) radiation protection [278]. Given the availability of the nanofibers in the form of a 
suspension, 2D and 3D nanoscale ANF-based structures such as films, coatings, particles, and 
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aerogels are easily attainable (Figure 1.19.). Due to the high strength and flexibility of the ANFs, 
the polyamide-based nanomaterial has also been shown to be capable of functioning as a 
networked matrix material for nanofillers such as CNTs [112,279], graphene [111], gold 
nanoparticles [280], and polyhedral oligomeric silsesquioxane (POSS) nanoparticles [281]. In 
addition, ANFs have been used to fabricate nanocomposite buckypapers [108,282] and membranes 
[281] for applications such as battery separators[283], electromagnetic shielding devices [284], 
electronic insulation [285], infrared protection [286], and biomimetic devices [109]. ANFs have 
also acted as interphases [134] and nanofillers [110] that provide mechanical reinforcement in 
certain fiber reinforced polymer composites [135,136]. Recent work reported by Yang et al. 
suggests a modified version of the traditional deprotonation technique that is 41 times more time-
efficient than the original process [287]. Such advances facilitate the production of ANFs and 
accelerate their integration into large-scale production processes. 
 In addition to ANFs, the dissolution and deprotonation process can be exploited to develop 
a new aramid fiber surface treatment. By treating aramid fibers in a similar basic solution at room 
temperature, and for considerably shorter treatment periods, aramid nanofibrils can be directly 
generated along the aramid fiber surface. This work will be discussed more fully in later chapters, 
and for the first time, the potential of these nanofibrils in improving the adhesion of aramid fiber-





Figure 1.19. Macroscopic morphologies of advanced ANF-based materials and their potential 
application fields [278]. 
 
1.6.2. Zinc oxide (ZnO) nanowires (NWs) 
ZnO is one of the first piezoelectric materials to be studied due to its attractive 
piezoelectric, semiconducting, and optical properties [288]. ZnO NWs are ceramic nanomaterials 
of wurtzite crystal structure and controllable morphology, often synthesized using CVD and 
hydrothermal reactions [289]. CVD is primarily used to synthesize ZnO NWs on non-organic 
substrates for a variety of applications such as energy harvesting [290], photocatalysis [291], field 
emission devices [292], UV detection [293], biosensing [294], and dye-sensitized solar cells [295]. 
However, given the high processing temperature inside a CVD chamber, organic fibers are severely 
damaged when adopting such a ZnO growth approach [296]. Yet using hydrothermal reactions, 
ZnO NWs can be grown on carbon, glass, and aramid fibers in aqueous solutions and at low 
temperatures, all while maintaining the original strength of the fibers [297]. Since Lin et al. 
demonstrated the first benign growth of ZnO NW arrays on carbon fiber surface in 2009 [180], 
ZnO nanowires have been integrated into fiber reinforced polymer composites to improve quasi-
static and dynamic mechanical properties, or to introduce new functionalities such as energy 
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harvesting and damage detection. Nonetheless, the functionality of ZnO in composite materials is 
yet to be completely explored. 
 
1.6.3. Laser induced graphene (LIG) 
Carbon based nanomaterials, such as CNTs, GO, and carbon nanoparticles are heavily 
studied due to their exceptional mechanical, electrical, thermal, and chemical properties [298]. 
However, with the discovery of graphene during the mid-2000s, a one atomic layer thick material 
with unique properties, great research interest has been invested in understanding its behavior and 
improving the efficiency of its fabrication process [299]. Furthermore, the exceptional electrical 
properties of graphene are expected to revolutionize the electronic and energy storage industry, 
and its unmatched mechanical strength and surface area size promises an unprecedented structural 
performance. Nonetheless, the fabrication of graphene remains an extremely challenging process 
[300]. While high quality graphene can be produced using CVD-based processes, the extremely 
high production costs hinders its commercial use. In contrast, large volumes graphene flakes can 
be produced using chemical oxidation techniques, yet this comes at the expense of the severe 
deterioration of graphene properties [301].  Therefore, with high purity graphene monolayers 
remains being very costly [53,54], cheaper alternatives such as GO has been extensively studied 
and adopted in a variety of structural and non-structural applications [302]. 
In 2014, Lin et al. reported a process for the induction of 3D porous graphene, referred to 
as laser induced graphene (LIG), on commercial PI films under ambient conditions using a CO2 
infrared laser [303]. The laser irradiation of the polyimide substrate results in the photo-thermal 
conversion of sp3 carbon atoms into sp2 carbon atoms [303]. The results were further confirmed 
through high resolution transmission electron microscopy (TEM) images showing an abundance 
of pentagon-heptagon pairs, thus demonstrating the ultra-crystalline feature of the LIG. 
Additionally, X-ray photoelectron spectroscopy (XPS) of the LIG primarily showed a C1s peak, 
with greatly reduced C–N, C–O, and CO peaks which are typically found in polyimide. The 
morphology and microstructure of the LIG is controllable through the laser induction parameters 
such as speed, power, and pulsing density (Figure 1.20A) [304]. Due to its multifunctionality and 
ease of fabrication, LIG has been integrated into many novel technologies, including microfluidic 
devices, acoustic and strain sensors, soft electronics, micro-supercapacitors, surface wetting, joule 
heating, anti-biofouling, and memory devices (Figure 1.20B.) [305–307]. Recently, Chyan et al. 
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reported an expanded list of substrates on which the LIG could be directly generated which 
included a number of thermoplastics and thermosets, one of which is poly (paraphenylene 
terephthalamide), commercially known as Kevlar® [308]. While LIG has been primarily used to 
fabricate sensors and devices [305,306], its unique properties remain unexploited in the field of 
fiber reinforced composites. 
 
     
Figure 1.20. LIG on polyimide substrate. A) Control of LIG morphology through varying the 
pulsing density to generate more fiber-like microstructures. B) Schematic of the fabrication of LIG 
polymer composites. The resultant LIG composites possess multifunctional properties that are 
potentially useful in several applications [304,305]. 
 
1.7 Dissertation overview 
In the following section, a detailed description of the research performed in each of the 
upcoming chapters is provided:  
Chapter 2 investigates the effect and role of chemical interactions between the three discussed 
nanomaterials and fiber surfaces using a series of characterization techniques. The chapter begins 
with a brief overview of the various chemical bonds that can be achieved in a nanomaterial-fiber 
system. The role of amide-amide hydrogen bonding in achieving excellent chemical interaction 
between both ANFs and aramid nanofibrils, and the typically inert macroscale aramid fibers is 
investigated for the first time through chemical and mechanical characterization approaches. The 
results provide a quantitative explanation for the relatively easy formation of well-adhered ANF 
interphases on the surface of aramid fibers without the need for prior functionalization. Due to the 
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absence of such interactions in fiberglass, high charge density cationic polymer coatings, such as 
Polydiallyldimethylammonium chloride (PDDA), are demonstrated as a potential alternative for 
inducing the formation of well-adhered ANF interphases on fiberglass surfaces.  In the case of 
ZnO NWs, it is shown that the quality and adhesion of the ZnO interphase on carbon fiber and 
fiberglass surfaces can be improved through surface oxidation techniques, such as nitric and 
piranha acid treatments, respectively. In addition, the chemical interaction between LIG and the 
aramid fabric on which it is induced is characterized, while also being shown to be easily 
transferable from polymer substrates to tacky carbon fiber prepreg surfaces. The findings in this 
chapter are instrumental in ensuring optimal chemical and mechanical interactions in every 
nanomaterial-fiber system considered in this work in order to maximize the performance of the 
resulting fiber reinforced composites. 
Building on the findings of the previous chapter, Chapter 3 focuses on characterizing the 
performance of some of the discussed nanostructured interphases under quasi-static loading 
conditions. In this chapter, it is shown that ANF interphases are capable of reinforcing the fiber-
matrix interface through a combination of chemical interaction and mechanical interlocking. The 
chapter begins by reviewing the single fiber testing methods used to measure the interfacial 
properties of fiber reinforced composites. Using single fiber pullout (SFP), the ANF coated aramid 
and fiberglass composites are found to exhibit a 70.27% and 83.2% increase in IFSS, respectively. 
Similarly, surface fibrilized aramid composites are observed to yield a 128% improvement in IFSS 
under quasi-static loading conditions. The chemistry, morphology, and roughness of the ANF 
coated and fibrilized fiber surfaces are investigated and studied in order to optimize treatment 
conditions. The treated surfaces display an increase in roughness and polar functional group 
content, both of which are desirable features when aiming to improve fiber-matrix interactions. In 
addition, the benign nature of these treatments is confirmed through single fiber tensile testing. 
The performance of these interphases in bulk composites is also studied using SBS testing. The 
findings of this chapter contribute to understanding the influence of nanostructured interphases on 
fiber-matrix adhesion, and present new approaches that are applicable to the large-scale 
manufacturing of improved composite materials for structural applications. 
Given that ballistic applications require different interfacial conditions than structural 
applications, Chapter 4 focuses on characterizing the performance of another set of nanostructured 
interphases under dynamic loading conditions. The dynamic response of both aramid fabric and 
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ceramic fiber reinforced composites is studied post-interfacial modification. It is shown that 
aramid fabric fibrilization can be optimized to induce 550%, 12%, 230% improvements to the 
interyan friction, ballistic limit and stab resistance of the fabric, respectively, all while maintaining 
its tensile strength. The improved performance of the aramid fabric is found to be due to the 
enhanced interyarn friction and fiber-fiber interactions as a result of the generated fibrils. 
Additionally, carbon and fiberglass composites are investigated, and it is demonstrated that ZnO 
interphases can realize the desired multifunctional performance of a simultaneously optimal 
interfacial behavior under both quasi-static and dynamic loading conditions. Using a novel, in-
house experimental setup, ZnO coated carbon fiber and fiberglass reinforced composites are found 
to display a maximum improvement in IFSS of 83% at quasi-static loading rates, and a maximum 
decrease in IFSS of 56% at high loading rates, all relative to untreated fibers. As shown through 
the inspection of the fractured fiber surfaces post-pullout, the ceramic nature of the ZnO nanowires 
causes them to be prone to brittle interfacial failure, thus allowing for easier release of the fibers 
from the matrix. The described behavior permits the tougher fibers to primarily absorb blast energy 
in the case of an impact. The findings of this chapter result in an improved ballistic performance 
of woven aramid fabrics and introduce the tailoring of interfacial properties in carbon fiber and 
fiberglass reinforced composites for an optimal response under both quasi-static and dynamic 
loading conditions, simultaneously. 
Chapter 5 of this dissertation develops two different nanoscale interlayers for the 
toughening of aramid and carbon fiber reinforced composites and improving their interlaminar 
properties. The first interlayer is comprised of ANFs that are directly spray-coated onto the surface 
of carbon fabric. The ANF interlayered woven carbon fiber composites display a 34% and 82% 
increase in their SBS and initiation GIC, respectively, all while maintaining their tensile strength. 
Additionally, the ANF interlayer is found to induce a more cohesive interlaminar failure within the 
carbon fiber composites. The second approach uses LIG interlayers to toughen aramid and carbon 
fiber reinforced composites. Two different methods are used to incorporate the LIG within the two 
sets of composites: the LIG is directly induced on the surface of the aramid fabric using a direct 
laser writing treatment, while, in contrast, the LIG is transfer printed onto carbon fiber prepregs 
prior to curing the composite. The interlayer morphology is optimized for both composite sets, 
and, as a result, the LIG coated aramid composites experience a 70% and 20% increase in SBS 
and initiation GIC, respectively, while the carbon fiber based composites display a 41% and 69% 
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improvement in initiation GIC and pre-cracked GIIC, respectively.  Furthermore, the thin LIG 
interlayers are successfully integrated within each composite set while maintaining the original 
elastic and viscoelastic properties of the composites. It can also be noted that the exceptional 
mechanical, thermal, and electrical properties of LIG allows it to potentially play a multifunctional 
role in both aramid and carbon fiber reinforced composites. The findings of this chapter present 
new solutions for the toughening of fiber reinforced composites using multifunctional and ultra-
thin interlayers without sacrificing the in-plane properties. 
The final chapter of this dissertation begins with a brief overview of the detailed findings and 
outcomes discussed throughout the dissertation.  Following an overview, the contributions of this 
dissertation and their possible influence on future research investigating the development of 
hierarchical and multifunctional fiber reinforced polymer matrix composites with improved 
interfacial adhesion are discussed. Finally, the last section of this chapter discusses potential future 





















CHAPTER 2. Study of Interphase-Fiber and Interlayer-Fabric Chemical 
Interactions 
2.1.  Chapter introduction 
This chapter focuses on the chemical interactions at the level of the interphase-fiber 
interface to maximize the performance of these nanostructured interphases in fiber reinforced 
composites. The replacement of a traditional fiber-matrix interface with a functionally graded one 
results in the formation of two additional interfaces, the interphase-matrix and fiber-interphase 
interfaces. For the interphase to be effective, these two interfaces are required to be stronger than 
the original fiber-matrix interface. While the interphase-matrix interface benefits from a large 
degree of mechanical interlocking, the fiber-interphase interface is heavily reliant on chemical 
adhesion between the nanomaterial and fiber surface. Therefore, to assess and optimize the 
interactions between the various types of nanomaterials and fiber surfaces considered in this 
dissertation, a series of characterization techniques were used. The existing chemical interactions 
were studied and improved where possible to enhance the performance of these interphases and 
interlayers in fiber-reinforced composites. 
In the first part of the chapter, the interactions between aramid nanofiber (ANF) interphases 
and aramid/glass fiber surfaces are studied and improved. The excellent compatibility between 
ANFs and macroscale aramids is demonstrated through a detailed study that highlights the 
potential of amide-amide hydrogen bonding between ANFs and polyamide 6 molecules. In the 
absence of such interactions in glass fibers, a cationic coating is proposed to electrostatically attract 
ANFs onto the glass surface. Moreover, the potential of an aramid fiber surface fibrilization 
technique is discussed as a method to generate a nanostructured interphase directly on aramid fiber 
surfaces. In the second part of the chapter, the importance of surface functionalization for adhesion 
between zinc oxide (ZnO) interphases and fiber surfaces is discussed, and surface oxidization 
treatments for both carbon and glass fibers are proposed and studied. Finally, the potential of 
introducing laser-induced graphene (LIG) interlayers onto the surfaces of aramid and carbon fibers 
is considered. The LIG is directly induced on the aramid fiber surface, causing it to be inherently 
bonded to the surface through mechanical and chemical interactions. As for carbon fiber prepreg 
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surfaces, the LIG interlayer is mechanically transferred to its surfaces and firmly stuck to its tacky 
surface, despite the absence of noticeable chemical interactions. The understanding of these 
nanomaterial-fiber interactions allows for the maximization of the performance of these 
interphases and interlayers in later chapters. 
 
2.2. A review of the various types of chemical bonds 
In a typical fiber-matrix interface, chemical adhesion is usually achieved through covalent 
bonds, hydrogen bonding, or van der Waals interactions [309]. When introducing an interphase, it 
is expected to potentially realize such chemical bonds with the matrix, in addition to an improved 
level of mechanical interlocking. However, the interphase is also required to exhibit a sufficient 
degree of chemical bonding to the fiber surfaces. These intermolecular bonds can be ionic bonds, 
hydrogen bonds, or Van der Waals interactions [310] (Figure 2.1.). Covalent bonds are typical 
intramolecular interactions formed through the sharing of electrons between two neighboring 
atoms and are considered to be the strongest form of chemical bonds [309]. The polarity of 
covalent bonds depends on the electronegativity of the atoms involved, as similar electronegativity 
results in non-polar bonds, while a difference in electronegativity yields polar ones. Ionic bonds 
are also a genre of strong chemical bonding that can be either intermolecular or intramolecular, 
and is achievable through the transfer of electrons between atoms [310]. However, in the case of 
fiber surfaces, especially inert ones such as aramids, these interactions necessitate chemical 
treatments and the introduction of additional functional groups to induce them [114]. Another form 
of interactions is hydrogen bonding, which is usually formed between hydrogen atoms attached to 
electronegative atoms and other atoms, most notably oxygen, nitrogen, and fluorine [311]. While 
hydrogen bonds are considerably weaker than covalent and ionic bonds, they can still be found in 
numerous organic and inorganic systems such as polymers [312], solvents [313], proteins [314], 
and deoxyribonucleic acid (DNA) [315]. On a molecular level, Van der Waals bonds are also 
possible through electrostatic interaction between two participating atoms or molecules [316] 
(Figure 2.2.). This establishes weak interactions between the opposite charges of two molecules in 
proximity of each other, aligning positive ends to negative ones. Such interactions are common in 
applications such as polymers, condensed matters, and structural biology [317]. For example, 
graphite is a well-known  for being a crystalline material consisting of two-dimensional sheets 
stacked parallel to one another, and held together through Van der Waals forces [316]. Similarly, 
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amide-amide hydrogen-bonded aramid sheets are stacked radially using Van der Waals forces 
around the axis of the fiber [185]. Therefore, given their relative simplicity, hydrogen bonding and 
Van der Waals interactions are viable forms of intermolecular bonds that can be potentially 
exploited when trying to improve fiber-interphase adhesion. 
 
Figure 2.1. Examples of chemical bonds. 
 
 
Figure 2.2. Van der Waals interactions. 
The weak intermolecular interactions detailed above have been shown to be a promising 
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approach to self-assemble nanoscale polymer monolayers on fiber surfaces. Such self-assembly 
can be induced through electrostatic interactions, hydrogen bonding, Van der Waals forces, and π-
π stacking [318]. With the growing interest in interphase design, the development of methods and 
approach to assemble nanomaterials on fiber surfaces with sufficiently strong adhesion is 
necessary. In the following section, the chemical interactions between ANFs and fiber surfaces of 
similar composition, such as macroscale aramid, or a different one, such as glass, will be studied 
and assessed. 
 
2.3. Assembly of ANFs on aramid and glass fiber surfaces 
2.3.1. ANF synthesis and properties  
The overall excellent performance of aramid fibers can be partially attributed to the strong 
molecular interactions between its crystalline sheets [185]. However, while the chemical and 
thermal resistance of aramid fibers is highly advantageous in certain applications, it also hinders 
their solution processability or melting when aiming to scale them down to a nanofiber size [278]. 
With the goal of preparing aramid nanomaterials, two main strategies emerged: a bottom-up 
approach that relies on polymerization-induced self-assembly techniques [319], and a top-down 
approach that includes electrospinning [320], mechanical disintegration [321], and deprotonation 
[108]. Bottom-up approaches are found to be unable to produce aramid nanofiber diameters of less 
than 50 nm [319]. Similarly, electrospinning is limited to a nanofiber diameter of 500 nm, while 
also presenting equipment corrosion problems due to the use of sulfuric acid as a solvent [320]. 
Although mechanical disintegration can yield nanofibers with diameters as small as 10 nm, it is 
still an energy-intensive method with low yield, and a damaging one to the fiber’s mechanical 
properties [321]. In 2011, Yang et al. revisited an old p-phenylene terephthalamides (PPTA) 
deprotonation approach and was able to form a stable suspension of ANFs with diameters ranging 
between 3-30 nm and a length of up to 10 µm [108]. Macroscale aramid fibers are stirred in a 
potassium hydroxide (KOH)/dimethyl sulfoxide (DMSO) solution for 7 days to realize a uniform 
dispersion of ANFs. The basic solution induces the deprotonation of the macroscale aramid fibers 
through abstracting the hydrogen bond from the amide group and generating negatively charged 
polyanions (Figure 2.3.). The growing electrostatic repulsion with continued deprotonation splits 
macroscopic PPTA into microfibrils and continues to do such until reaching the targeted nanofiber 
size. The resulting ANFs are well-dispersed within the solution due to a balance between 
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electrostatic repulsion, Van der Waals forces, and π-π stacking.   
 
 
Figure 2.3. Deprotonation of macroscale PPTA fiber in DMSO/KOH solution.  
The ANFs obtained using such a process are of a high aspect ratio (Figure 2.4 A & B) and 
are expected to maintain a similar chemical structure and mechanical strength to that of their 
macroscopic counterparts.  From Figure 2.4C & D, it can be seen that the high thermal stability of 
ANFs is preserved, as thermal decomposition does not start until 536 °C, and no melting point is 
detected up to 300 °C, making it ideal for use in the fabrication of both thermoset and thermoplastic 
matrix composites.  In addition, when comparing their FTIR spectrum to that of macroscale aramid 
fibers, it can be clearly seen that the ANFs maintain their chemical structure after deprotonation 
(Figure 2.4E). The ANFs can be either kept dispersed in the DMSO solution, washed, re-
protonated and re-dispersed in a different solvent, such as acetone, or completely isolated in 
powder form (Figure 2.4F). The ability of ANFs to establish hydrogen bonds has been reasoned to 
be behind its excellent performance as a nanofiller in various ANF reinforced polymer 
nanocomposites [110,287,322–324]. Specifically, the inherent ability of ANFs to establish amide-
amide hydrogen bonds allows them to assemble and create ANF films like buckypapers using 
methods such as layer-by-layer assembly and vacuum filtration. In the following section, these 
amide-amide interactions will be studied and compared to conventional hydrogen bonding through 
chemical and mechanical characterization techniques. The results will allow for a greater 
understanding of the potential of assembling ANF interphases on aramid fiber surfaces. 
Furthermore, approaches for the assembly of ANFs onto glass and carbon fiber surfaces will be 




Figure 2.4. ANF characterization. A) SEM image of ANFs spin-coated on a silicon wafer. B) 
Atomic force microscopy (AFM) images of ANFs. C) Thermogravimetric analysis (TGA) curve 
of ANFs. D) Dynamic scanning calorimetry (DSC) curve of ANFs. E) FTIR spectra of ANFs and 
macroscale aramid fibers. F) Solution dispersed and isolated ANFs. 
 
2.3.2. Study of amide-amide hydrogen bonding interactions 
As previously mentioned, amide-amide interactions in ANFs have been restricted to the 
self-assembly of films and buckypapers and remain unexploited with regards to ANFs acting as 
nanofillers or interphases. In this section, the role of amide-amide hydrogen bonding in ANF-
reinforced PA6, polyamide-imide (PAI), and PI nanocomposites is investigated using a series of 
chemical characterization and mechanical testing techniques. By comparing the performance of 
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ANFs in these polymers, a greater understanding of the effect of amide-amide hydrogen bonding 
on interfacial properties and the load transfer mechanism between ANFs and amide-based 
polymers can be obtained. The performance of ANFs in polyamide 6 (PA6), where amide-amide 
interaction opportunities are available, is compared to its performance in polyimide (PI), where 
such interactions are absent. The importance of amide-amide interactions for an improved ANF 
performance are further confirmed through investigating its performance in polyamide-imide 
(PAI), which contains both an amide and imide backbone (Figure 2.5).  While ANFs are able of 
establishing amide-amide hydrogen bonding with polymers containing imide backbones, its effect 
on the mechanical and chemical performances of these polymers, relative to amide-amide 
interactions, will be demonstrated to be considerably inferior.  
 
Figure 2.5.  Amide-amide interactions. A) Amide-amide (C=O … NH) hydrogen bonding between 
PA6 and ANFs. B) Amide-amide (C=O … NH) hydrogen bonding between PAI and ANFs. C) 
Absence of amide-amide hydrogen bonding between PI and ANFs. 
 
Here, ANF reinforced nanocomposites are prepared using a solution casting method, where 
ANFs are dispersed in polymer solutions at various weight fractions, cast onto glass plates, and 
dried appropriately in a convection oven. In the case of polyimide nanocomposites, a multiple step-
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wise heat imidization process is used, where ANFs are originally dispersed in polyamic acid, prior 
to heat treatment [325].  The extent of amide-amide hydrogen bonding between the ANFs and the 
polymer matrices is first investigated and confirmed using FTIR. Generally, such a 
characterization approach has been shown to be highly sensitive to the strength and extent of 
intermolecular hydrogen bonding, as it manifests in shifts to the wavenumbers of characteristic 
absorption under FTIR [326–328]. Due to the commonality of their polymer backbone structure, 
the FTIR spectra of PA6 and ANFs share many identical absorption peaks (Figure 2.6A). The 
primary difference between both compounds is ANFs possessing aromatic repeating units, while 
PA6 having aliphatic ones (Figure 2.5A).  Both spectra display peaks corresponding to N-H 
stretching vibrations (3290 cm-1), amide I C=O stretching vibrations (1649 cm-1), and mixed 
vibrations of amide II N-H bending and C-N stretching (1546 cm-1), while that of C=C stretching 
vibration of aromatic (1516 cm-1) ring is unique to ANFs. As seen in Figure 2.6B, the FTIR 
spectrum of the ANF reinforced PA6 nanocomposites is largely similar to that of neat PA6 due to 
the minuscule amount (< 3 wt%) of ANFs used to reinforce the polymer films. Nonetheless, the 
introduced ANFs result in a considerable blue shift to the wavenumber position corresponding to 
the N-H stretching mode, indicating the existence of amide-amide hydrogen bonding between 
ANFs and PA6 (Figure 2.6C). When ANF concentration in the PA6 nanocomposites is increased 
from 0 to 2.5 wt%, a maximum shift of 4.635 cm-1 in the N-H band position is observed (Table 
2.1.). Despite the following changes being small in magnitude, the observed blue shift is a clear 
indicator of intermolecular hydrogen bonding between ANFs and PA6. Given that the blue shift 
occurs in the range of 3250 cm-1 to 3370 cm-1, these intermolecular interactions are possibly the 
result of hydrogen-bonded amide-amide functional groups (Figure 2.5A) [326]. This mimics the 
strong intermolecular hydrogen bonding of adjacent polymer chains in PPTA, a primary factor in 
the excellent mechanical properties of aramid (Kevlar®) fibers [114]. Therefore, the detected 
amide-amide molecular interactions between the nanofiller and the polymer matrix are achieved 
without the need for prior functionalization or processing and can potentially help improve the 
interfacial properties within these nanocomposites. Similar to PA6, PAI possesses the ability to 
establish amide-amide hydrogen bonding with the ANFs nanofillers. The imide chain of the PAI 
chemical structure is represented through symmetrical (1706 cm-1) and asymmetrical (1780 cm-1) 
C=O peaks, along with the C-O-C bond peak (1084 cm-1) under FTIR (Figure 2.6D). Concurrently, 
polyamide corresponding peaks such as N-H stretching (3306 cm-1) and amide C=O stretching 
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(1650 cm-1) are also easily detectable in the FTIR spectrum of PAI. In comparison to PA6, the N-
H stretching band is of considerably weaker intensity. Yet when examining the FTIR spectra of 
ANF reinforced PAI nanocomposites, a blue shift to the N-H stretching band can also be observed 
(Figure 2.6E & F). When the ANF concentration in the nanocomposites is increased from 0 to 2.5 
wt%, a maximum increase of 1.57 cm-1 in the N-H band position is found (Table 2.1.). This 
indicates the presence of intermolecular amide–amide hydrogen bonding between ANFs and the 
PAI matrix (Figure 2.5B). Therefore, the ANF reinforced PAI nanocomposites are expected to 
benefit from these chemical interactions in the form of improved interfacial properties and stress 
transfer between the nanofiller and the matrix. In the case of PI nanocomposites, the opportunity 
for amide-amide hydrogen bonding between the ANFs and the matrix does not exist. Polyimide, 
here specifically poly 4-4’oxydipgenylene Pyromellitimide (PMDA-ODA), is a linear polymer 
comprised of heterocyclic rings that are linked together through one or multiple covalent bonds 
[105]. In comparison to ANFs, the FTIR spectra of polyimide contain many unique characteristic 
peaks, such as C=O bending (717 cm-1), C-O-C stretching (1086 cm-1), C=O symmetrical 
stretching (1702 cm-1), and C=O asymmetrical stretching (1783 cm-1) (Figure 2.6G). Furthermore, 
when inspecting 3200 cm-1 - 3400 cm-1 range of the nanocomposites FTIR spectra, it is found to 
be negligibly affected by the addition of ANFs to the PI polymer. Such an observation is indicative 
of the absence of any amide-amide hydrogen bonding between the nanofiller and the imide-based 
matrix. Given that amide groups are not found in polyimide, the absence of such chemical 
interactions is expected (Figure 2.5C). It should be noted that amide-imide hydrogen bonding 
remains possible through the C=O of the PI and the N-H of the ANFs, yet negligible shift is 
detected to the C=O band position under the FTIR (Table 2.1.). Therefore, given the lack of amide-
amide hydrogen bonding in these nanocomposites, the influence of these bonds on the mechanical 
performance of nanocomposites can be properly isolated, assessed, and then compared to that of 





Figure 2.6. FTIR analysis of amide-amide hydrogen in ANF reinforced polymer nanocomposites. 
The FTIR spectra of: A) isolated ANFs and PA6. B) Neat and ANF reinforced PA6 
nanocomposites. C) Neat and ANF reinforced PA6 nanocomposites in the range of 3200-3400 cm-
1. D) PAI and isolated ANFs. E) Neat and ANF reinforced PAI nanocomposites. F) Neat and ANF 










Table 2.1. FTIR observed maxima of N-H stretching vibration and C=O symmetrical bands in neat 
and ANF reinforced PA6, PAI and PI nanocomposites, respectively. 
 
Furthermore, the thermal stability of the ANF reinforced nanocomposites is investigated 
using TGA (Figure. 2.7.). The decomposition temperature of the PA6 matrix (440 °C) is found to 
be slightly improved by a maximum of 4.3 °C when adding 2.5 wt% ANFs.  The thermal stability 
of PAI (575 °C) is also increased by a maximum of 14.6 °C due to the addition of 2.5 wt% ANFs. 
The observed trend in Figure 2.7. is expected due to the high thermal stability of both polymeric 
polyamide-based nanofillers and matrices. Nonetheless, the high thermal stability of PI 
nanocomposites is found to be minimally affected by the introduction of ANFs, as no noticeable 
increase in decomposition temperature is observed (Figure 2.7C). Therefore, given the high 
thermal stability of ANFs (Figure 2.4.), the nanocomposites are expected to maintain their original 
thermal stability or exhibit improved ones due to chemical compatibility between the nanofibers 
and the matrix. 
  
Figure 2.7. Thermal stability of ANF reinforced nanocomposites. The TGA curves of A) PA6. B) 
PAI. C) PI.  
ANFs concentration 
(wt%) 
PA6 N-H Stretching 
Wavenumber 
(cm-1) 
PAI N-H Stretching 
Wavenumber 
(cm-1) 
PI C=O symmetrical  
Wavenumber (cm-1) 
 Neat 3290.06 3305.05 1706.3 
0.5 3291.4 3305.5 1706.3 
1 3291.9 3305.7 1706.5 
1.5 3292.1 3305.9 1706.4 
2 3292.3 3306.4 1706.5 
2.5 3294.7 3306.5 1707.3 
57 
 
 The effect of ANFs on the mechanical properties of the polymer nanocomposites 
is investigated through tensile testing according to ASTM D638 [329]. The amide-amide 
interactions are expected to enhance the ANF nanofiller performance. As shown in Figure 2.8A & 
B, both the tensile strength and elastic modulus of PA6 display an initial increase when introducing 
a low weight fraction of ANFs, and continue to exhibit improvements with increasing nanofiller 
concentration, before reaching saturation. In comparison to neat PA6 (72.4 MPa), a maximum 
increase in the tensile strength of ANF reinforced PA6 nanocomposites of 117.34 MPa is measured 
at a 1.75 wt% nanofiller concentration, yielding an improvement of 62.07% (Figure 2.8A). 
Similarly, the elastic modulus of PA6 nanocomposites is also found to increase to a maximum of 
4.79 GPa at an ANF concentration of 1.5 wt%, a 27.05% increase relative to that of the neat PA6 
(3.77 MPa). These results highlight the capacity of the nanoscale reinforcement to improve the 
mechanical strength and stiffness of PA6 considerably. The inherent chemical interactions between 
ANFs and PA6 through amide-amide hydrogen bonding help reduce stress concentrations and 
enhance load transfer between the nanofiller and the matrix, resulting in an overall improvement 
to the mechanical performance of the nanocomposites. The enhanced interfacial properties provide 
more effective loading energy dissipation mechanisms within these nanocomposites that prevent 
crack growth and delay tensile failure. While the tensile strength and elastic modulus are decreased 
for ANF weight fractions greater than 1.75 wt%, both the strength and stiffness of the PA6 
nanocomposites remain higher than that of neat PA6. Therefore, ANFs can strengthen the elastic 
properties of PA6 as a result of the high chemical compatibility between the nanofiller and the 
matrix, courtesy of amide-amide hydrogen bonding. 
ANF reinforced PAI nanocomposites also exhibit improved mechanical properties at low 
ANFs weight fractions. In comparison to neat PAI (152 MPa), a maximum increase in the tensile 
strength of ANF reinforced PAI nanocomposites of 193 MPa is observed using a 1 wt% nanofiller 
concentration, leading to an improvement of 25.4% (Figure 2.8C). Similarly, the elastic modulus 
of PA6 nanocomposites is also found to increase to a maximum of 5.96 GPa at an ANF 
concentration of 1.5 wt%, a 40.56% increase relative to that of the neat PAI (4.24 MPa) (Figure 
2.8D). With amide-amide hydrogen bonding being accessible to the dispersed ANFs and the PAI 
matrix, the nanocomposites are presented with good interfacial properties that maximize the 
capacity of nanofillers to strengthen and the reinforce the polymer matrix. The improved 
mechanical response highlights the efficient load transfer mechanism between the ANFs and PAI, 
58 
 
along with the reduction in interfacial stress concentrations through a combination of increased 
surface area and amide-amide hydrogen bonding. Similar to PA6, when the weight fraction of 
ANFs is increased from 1.5 wt% up to 2.5 wt%, both the tensile strength and elastic modulus of 
the nanocomposite are decreased by a maximum of 20% and 45%, respectively. Nonetheless, the 
mechanical properties of the 2.5 wt% reinforced nanocomposites remain considerably improved 
relative to that neat PAI. Thus, ANF reinforced PAI nanocomposites exhibit a simultaneously 
stronger tensile response, highlighting the advantages of ANFs as nanofillers in matrices of 
polymer backbones of similar chemical structures.   
Elsewhere, the addition of ANFs into a PI matrix yields minimal improvements to the 
elastic properties of the nanocomposites. As seen in Figure 2.8E & F, the tensile strength and elastic 
stiffness of the ANF reinforced PI nanocomposites are observed to only increase by a maximum 
of 3% and 7%, respectively, relative to neat PI. Despite their good dispersion, ANFs are incapable 
of providing substantial improvement to the mechanical properties of the PI nanocomposites. 
Given the absence of an amide structure in PI, the ANFs are unable to establish amide-amide 
hydrogen bonds with the PI matrix and are restricted to amide-amide hydrogen bonds. This reduces 
the strength of interfacial properties within the PI nanocomposites and limits the efficiency of load 
transfer between the ANF and surrounding matrix material, in comparison to PA6 and PAI. While 
hydrogen bonding remains possible between PI and ANFs, the absence of amide-amide 
interactions limits the contributing factors to the improvement of strength and stiffness in these 
nanocomposites to mainly mechanical effects, such as an increase in surface area. It should be 
noted that the strain-to-failure of all three polymer nanocomposites is maintained, indicating the 





Figure 2.8. Mechanical properties of ANF reinforced polymer nanocomposites. A) Tensile 
strength of PA6. B) Elastic modulus of PA6. C) Tensile strength of PAI. D) Elastic modulus of 
PAI. E) Tensile strength of PI. F) Elastic modulus of PI. 
      
The observed correlation between the reinforcing performance of ANFs and amide-amide 
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hydrogen bonding opportunities highlights the significant role of these interactions to the overall 
properties of the nanocomposites, and its superior performance relative to general forms of 
hydrogen bonding, such as amide-imide in this case [185]. The effect of such interactions on the 
mechanical performance of ANF reinforced PA6, PAI, and PI polymer nanocomposites can be 
clearly seen in Figure 2.9. The innate ability to form such bonds between ANFs and amide-based 
polymers provides a significant improvement to the mechanical performance of the resulting 
amide-based nanocomposites. While other nanomaterials such as carbon nanotubes (CNTs) and 
graphene require surface functionalization to significantly improve both the strength and toughness 
of similar nanocomposites [44], ANFs are inherently capable of establishing strong chemical 
interaction with PA6 and PAI, through amide-amide hydrogen bonding.  Another polymer of a 
similar amide-based structure is aramid fibers, as PPTA is comprised of a polyamide backbone 
[185]. Due to their near-exact chemical structure, the results presented here indicate the potential 
of strong ANF-aramid fiber interaction through amide-amide hydrogen bonding, allowing for the 
formation of a high-performance, well-adhered ANF interphase along the aramid fiber surfaces. 
The details of realizing such interphase and its performance in aramid fiber-reinforced composites 
will be further explained in the next chapter.  
             
Figure 2.9. Maximum improvement to the tensile strength and elastic modulus of ANF reinforced 
nanocomposites relative to neat ones.   
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2.3.3. Potential of ANF-PDDA electrostatic interactions 
 The previously discussed amide-amide interactions can be exploited to form well-adhered 
interphases on the surfaces of aramid fibers. However, such chemical bonding opportunities are 
not available in the case of other fibers such as carbon and glass. Previous work relied on energy-
intensive approaches, such as electrophoretic deposition in order to adhere ANFs to conductive 
carbon fiber surfaces [134]. Yet a similar approach cannot be applied to electrically insulating 
fibers, such as E-glass. Past studies have relied on a surface functionalization that coats the fibers 
with a positively charged graphene oxide layer in order to attract negatively charged ANFs 
dispersed in a suspension [135]. However, the resulting ANF coatings are of high smoothness and 
contribute minimal improvements to the interfacial properties of glass fiber composites, relative 
to just a graphene oxide coating. Another cationic coating that has been previously used to attract 
and assemble ANFs is polydiallyldimethylammonium chloride (PDDA), as it served as an initial 
layer during a layer-by-layer assembly approach for forming ANF films on glass slides [108]. 
Typically, the high charge density cationic polymer is applied to a surface using a simple and fast 
dip-coating process that forms a nanoscale coating in order to initiate flocculation or nanomaterial 
self-assembly [330]. Similarly, here, a PDDA coating can be applied to the surface of glass fibers 
in order to electrostatically attract negatively charged ANFs present in the solution and form a 
well-adhered nanostructured interphase (Figure 2.11). In addition, an ANF interlayer can be 
deposited onto carbon fiber surfaces using a simple spray-coating process that avoids any 
agglomeration problem through resin mixing. These ANF interphases and interlayer are expected 
to exhibit a sufficient degree of adhesion to the fiber and fabric surface, which will potentially 
allow them to significantly improve the interfacial and interlaminar properties of fiber reinforced 
composites. The performance of these interphases and interlayers will be studied and investigated 





Figure 2.10. PDDA/ANF coating. A) Electrostatic attraction between cationic PDDA and anionic 
ANFs. B) Schematic of glass fiber surface sizing using a PDDA/ANF coating. 
 
2.3.4. Fibrilization of aramid fibers  
   The fibrilization of aramid fibers has always been a topic of interest for the generation of 
aramid micro- or nanofibers. PPTA fibers possess strong covalent bonds along the axial direction 
and weak intermolecular ones along the radial direction, allowing for easy exfoliation along the 
fiber axis under mechanical or chemical stimulus [278]. Earlier techniques used either Hollander 
beaters or pulp refiners to mechanically disintegrate the fibers and split them into microfibrils of 
considerably smaller diameters [287,331]. Later, hydrolysis treatments coupled with multiple 
cycles of high-pressure water jet atomization were used to disintegrate aramid fabric into 
nanofibers [321]. Yet all these techniques are primarily concerned with transitioning the 
macroscale aramid fibers to a nanoscale level. Moreover, these energy-intensive techniques are 
extremely damaging to the performance of the macroscale aramid fibers and the resulting aramid 
fibrils, pulp, or nanofibers, leading to the degradation of the mechanical properties of aramid 
products. 
 In this work, the dissolution and deprotonation process developed by Yang et al. [108] will 
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be used to generate nanofibrils along the macroscale aramid fiber surfaces, while maintaining their 
mechanical properties. Typically, the deprotonation process splits the PPTA fiber into microfibrils 
over a lengthy period of 7 days, until ANFs are obtained. By considerably reducing the treatment 
period and avoiding vigorous mechanical stirring, aramid fibers surfaces can be fibrilized while 
potentially avoiding the deterioration of their mechanical properties. The DMSO/KOH solution is 
stirred for 30 mins prior to the introduction of the aramid fabric, which is soaked in the solution 
for periods ranging between 1 and 10 hours (Figure 2.11.). While certain fibrils are to separate 
from the macroscale aramid fibers, a large amount of them can be expected to remain attached to 
the aramid fabric through their inherent amide-amide hydrogen bonds. These intermolecular 
interactions can guarantee sufficient adhesion between the nanofibrils and the macroscale aramid 
fiber surfaces. Furthermore, the fibrilization period can be optimized to generate a considerable 
fibrils density while maintaining fiber tensile properties. The performance of such a fibrilized 
interphase will be assessed in later chapters, both in structural composite materials and soft body 
armor ballistic protection. In the following section, the adhesion between a different set of 
nanomaterials, ZnO nanowires, and the surfaces of carbon and glass fibers will be discussed.  
 
Figure 2.11. Aramid fabric fibrilization process. 
 
2.4. ZnO NWs on carbon and glass surfaces 
Whiskerization has been a popular approach for interphase design in fiber-reinforced 
composites, as long aspect ratio nanomaterials can provide a great opportunity for mechanical 
interlocking between the fiber and the matrix. ZnO nanowire is a commonly used whiskerization 
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material that has been demonstrated to improve interfacial properties of fiber reinforced 
composites. In the following section, the chemical adhesion between these ZnO fibers and fiber 
surfaces will be discussed and improved. 
 
2.4.1. ZnO nanomaterial growth and structure 
 Given the sensitivity of fibers to the high-temperature conditions necessary to grow ZnO 
using chemical vapor deposition (CVD), hydrothermal reactions have been determined to be a 
more suitable approach for fiber surface whiskerization  due to their mild reaction conditions 
[180,332]. Initially, the fiber surfaces are coated with a polycrystalline ZnO nanoparticles seed 
layer, before introducing them in a growth solution that contains ZnO salts and bases. Once heated, 
heterogeneous nucleation induces the growth of nanowires on the facets of the pre-deposited ZnO 
seeds. When using Hexamethylenetetramine (HMTA) as a weak base, the hydrothermal reaction 
undergoes the following steps as per Wang et al. [332]: 
(CH2)6N4 + 6H2O⁡ ↔ 4NH3 + 6HCHO                                                   (2.1.) 
NH3 + H2O⁡ ↔ NH3 ∙ H2O                                                                        (2.2.) 
NH3 ∙ H2O⁡⁡⁡ ↔ NH4
+ + OH−                                                                    (2.3.) 
⁡Zn2+ + 2OH− ↔ Zn(OH)2⁡⁡                                                                      (2.4.) 
𝑍𝑛(𝑂𝐻)2
∆
↔ ZnO + 𝐻2𝑂                                                                           (2.5.) 
Similar to other hydrothermal reactions in aqueous solutions, the growth of the ZnO nanostructure 
is driven by the minimization of the Gibbs free energy, where the balance between surface energy 
and phase transformation energy dictates the final nanowire size (Figure 2.12A) [333,334]. As 
previously reported in the literature, a homogenously precipitated ZnO interphase possesses an 
inferior performance in fiber reinforced composites [335]. Therefore, it is necessary to force 
heterogeneous nucleation in order to allow the ZnO crystals to grow solely from the exposed seed 
layer. This can be ensured through the addition of buffers or inhibitors, such as ammonium 
hydroxide and polyethylenimine (PEI), in the growth solution [182]. Typically, hydrothermally 
grown ZnO nanowires possess a wurtzite structure consisting of alternative packing of Zn2+ and 
O2- [297,332]. This results in negatively charged crystal top (0001), and positively charged crystal 
bottom surfaces (Figure 2.12B).  Therefore, ZnO nanowires grow along the non-polar faces of 
{0110} and {2110}, with their morphology largely being largely dependent on the growth process 
65 
 
[336]. Usually, the morphology of ZnO nanowires can be tailored by controlling the concentration 
of PEI in the growth solution, as it adsorbs these non-polar surfaces, thus decreasing nanowire 
diameter and increasing its aspect ratio. This approach has been previously demonstrated to 
generate ZnO interphases of various morphologies on carbon fiber surfaces [182]. Similar growth 
conditions will be used in this work, as further detailed in chapter 4. Efforts to characterize the 
mechanical properties of free-standing ZnO nanowires have shown that it possess a brittle response 
to tensile loading, which is expected in the case of such ceramic nanomaterials [337–339]. The 
measured tensile strengths were found to be within a 3-10 GPa range, while modulus 
measurements were found to vary widely, depending on the testing technique [340,341]. Moreover, 
the elastic properties of these nanowires were found to be dependent on their length, diameter and 
growth process. Nonetheless, all reported experiments indicate that these nanowires tend to fail in 
a brittle manner, and at fracture strains less than 7.5%. In the following section, the adhesion 
between ZnO nanowires and fiber surfaces will be discussed. 
 
Figure 2.12. ZnO NWs hydrothermal growth. A) The overall excess free energy for heterogeneous 
and homogeneous nucleation, as function of cluster size [342]. B) Wurtzite structure of ZnO, 
showing polar surface such as negatively charged (0001) or (0002) plane [332,343]. 
 
2.4.2 The role of surface chemistry in adhesion of ZnO to fiber surfaces 
  As previously mentioned, when introducing an interphase, two interfaces are created to 
replace the original one. For a superior interphase performance, both the fiber-interphase and 
interphase-matrix interfaces are required to be stronger than a traditional fiber-matrix interface [8]. 
While the interphase-matrix interface benefits from the ability of the whisker-like nanomaterials 
to strongly interlock and embed inside the matrix, fiber-interphase interactions are primarily reliant 
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on chemical adhesion between them. Despite the fact that the hydrothermal growth of ZnO 
nanowires on fiber surfaces does not require prior surface treatments and is achievable under 
conditions that are benign to the fiber, the quality and performance of the resulting interphases are 
heavily dependent on its adhesion to the fiber surface. Previous studies have shown that quasi-
static interfacial failure in ZnO-coated carbon fiber reinforced composites is initiated through the 
debonding of the nanowires from the fiber surface [180]. In 2013, Ehlert et al. demonstrated that 
adhesion between carbon fiber surfaces and ZnO nanowires is improved in the presence of oxygen 
surface functional groups [344]. When comparing the effect of various surface treatments, such as 
hydrazine reduction, selective oxidation, or defect grafting, nitric acid oxidation treatment was 
determined to be the most effective in improving interfacial adhesion between ZnO nanowires and 
IM8 carbon fibers. The interfacial shear strength (IFSS) was found to directly correlate to the 
relative fraction of surface oxygen-containing functional groups, where an increase in these surface 
groups yielded higher IFSS. Due to their high polarity, ketones are observed to have the strongest 
interactions with Zn ions within the ZnO crystals. This is due to them possessing accessible lone 
pairs that are not sterically hindered by hydrogen atoms like those on hydroxyl and carboxylic acid 
functional groups [344]. Therefore, in order to achieve optimal ZnO performance under quasi-
static loading conditions, the surface of carbon fibers used in this work is to be oxidized using a 
similar process. By further populating the carbon fiber surface with oxygen-containing functional 
groups, the ZnO interphase is expected to exhibit a stronger adhesion to the carbon surface. Thus, 
nitric acid oxidation can be performed through first refluxing AS‐4 carbon fiber tows in 100 mL 
of 70% nitric acid (70%, ACS certified: Fisher Scientific) for 4 hours. Soxhlet extraction is then 
performed for 8 hours to wash the fibers with deionized water, before drying them at 100 °C 
overnight. Characterization of the nitric acid functionalization is performed using XPS, and the 
C1s spectra for each sample are displayed in Figure 2.13A. The spectra clearly show an increase 
in oxygen functional groups post-nitric acid functionalization. While the concentration of hydroxyl 
groups remains relatively unchanged, the concentration of ketones and carboxyl is 65% and 78% 
increased, respectively. Therefore, the newly produced oxygen-containing functional groups 
enable strong binding between the ZnO NWs and the carbon fiber surface, which can improve load 
transferring and mechanical interlocking between both constituents of the fiber-matrix interface.  
 The adhesion of the ZnO interphase to the glass fiber surface is also heavily 
dependent on the chemical composition of the glass surface, and the interaction between its 
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functional groups and the wurtzite ZnO. As mentioned, a strong glass fiber-ZnO interface is of 
great importance to maximize the interfacial performance of the interphase at low strain rates. 
While surface functionalization prior to ZnO growth on carbon and aramid fiber surfaces have 
been previously reported [184,344], there remains a need to develop such a treatment for glass 
fibers. In addition to the nitric acid carbon fiber functionalization previously discussed, a 
functionalization and ion-exchange procedure to populate aramid fiber with carboxylic acid 
functional groups was also developed to ensure good adhesion between the ZnO interphase and 
the aramid surface [184]. As for glass fibers, they are primarily composed of oxides, such as silica 
(SiO2) and alumina (Al2O3). Nonetheless, the glass fiber surface still contains oxygen functional 
groups such as silanol (Si-O-H), which can offer limited chemical bonding capacity with ZnO 
through their hydroxyl end [345]. Therefore, it is necessary to increase the oxygen surface content 
through oxidative treatments. Here, a piranha solution oxidization treatment is performed for 10 
minutes inside a 20 mL solution consisting of a 3:1 volumetric mixture of sulfuric acid (95.0−98%, 
ACS reagent, Sigma-Aldrich) and hydrogen peroxide acid (30%, ACS reagent, Sigma-Aldrich), 
respectively. The pH of the fiber surface is then neutralized through washing with ammonium 
hydroxide (28−30%, ACROS Organics) and water, successively, until a slightly basic pH is 
achieved. The effect of the oxidization process on the glass fiber surface chemistry is characterized 
using XPS (Figure 2.13C). It should be noted that according to TGA, any existing surface sizing 
or coating on the fiber surface is partially removed by post-cleaning and acetone/ethanol washing, 
and completely removed by post-piranha treatment (Figure 2.13B). An increase in oxygen surface 
content is clearly observed post-functionalization, going from 62% up to 76% after a 10-minute 
treatment in a piranha solution. This is highlighted by the considerable broadening of the oxygen 
peak pertaining to the silica at the glass fiber surface. The piranha solution is a strong oxidizer that 
will hydroxylate the glass fiber surface and increase its silanol content [345]. Therefore, the 
oxidizing solution helps eliminate any remaining organic contaminants off the ceramic fiber 
surface while enriching it with oxygen. The new surface chemical composition promotes better 
adhesion between the ZnO NWs and the glass fiber surface, thus potentially further strengthening 
interfacial properties of glass fiber reinforced composites. Interestingly, the increase in surface 
oxygen content can also enhance the performance of a traditional fiber-matrix interface in glass 
fiber reinforced composites, as it can offer more reaction sites for bonding with epoxy functional 
groups [346]. This can be confirmed through average IFSS measurement, as further discussed in 
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the following sections. In addition, the preserved bulk chemical structure of the functionalized 
glass fibers is confirmed using FTIR, due to its large interaction volume. The IR spectra of both 
untreated and functionalized glass fibers are shown in Figure 2.13D. Any form of carbon impurities 
on the glass fiber surface is removed using the previously described solvent and piranha wash, 
eliminating any absorbance peaks associated with organic contaminants. After functionalization, 
the IR spectrum of the glass fibers is found to be unchanged relative to that of untreated fibers. 
The characteristic bands of glass fibers are located at 1093 cm-1, 993 cm-1, and 791 cm-1 
corresponding to Si-O and Si-OH vibrational stretching, and Si-O bending, respectively [347]. 
Given that no changes to the peak intensities nor shifting to their respective wavenumbers are 
observed, it can be implied that the effect of the piranha solution treatment is limited to surface 
functionalization and avoids causing harmful and permanent modifications to the glass fiber’s bulk 
chemical structure. In conclusion, carbon and glass fiber can be functionalized using previously 
and newly developed techniques in order to maximize the potential for chemical adhesion between 
the ZnO nanowires and their surfaces. These treatments are expected to not affect the tensile 
properties of the fibers and improve IFSS in quasi-statically loaded composites, as will be shown 





Figure 2.13. Carbon and glass fiber surface Functionalization prior to ZnO growth. A) 
Deconvoluted and normalized C 1s XPS spectra of untreated and functionalized carbon fibers. B) 
TGA curves of as-received, washed, and piranha treated glass fibers prior to ZnO growth. C) 
Normalized O 1s XPS spectra of untreated and functionalized glass fiber. D) FTIR spectra of 
untreated and functionalized glass fibers. 
 
2.5. LIG on aramid and carbon surfaces 
 Carbon-based nanomaterials have been widely used to improve the multifunctionality of 
fiber-reinforced composites, whether through interphase design, resin mixing, or interleaving 
[115]. A novel carbon-based nanomaterial that is yet to be exploited for such applications is LIG. 
In the following section, the ability to adhere LIG interlayers onto aramid fabric and carbon 




2.5.1. LIG synthesis and chemical structure 
Early methods for generating graphene, such as high-temperature CVD and hydrothermal 
hot water reduction, suffered from problems such as high costs, poor geometrical control, and 
complicated synthesis routes [348]. However, these challenges can be overcome through the 
recently developed laser-induction process proposed by Lin et al.,  allowing for synthesis of 
graphene in a fast, cost-effective, and controlled manner [303]. As can be seen in Figure 2.14, the 
process involves firing a 40W focused CO2 infrared laser beam onto a polyimide substrate, which 
induces the liquefaction and carbonization of polyimide, generating 3D porous graphene. The use 
of different substrates on which the LIG can be generated will be later discussed. It is reported that 
a minimum fluence of 5.5 J/cm2 is required for the initiation of fluid fragmentation in the polyimide 
substrate using such a CO2 laser system [304]. This can be achieved by adjusting and tuning 
various laser parameters until carbonization is observed. 
 
Figure 2.14. Scheme of LIG synthesis process.  
While the fluence of the induction process is heavily dependent on parameters such as 
focusing distance and laser output power, the morphology of the resulting LIG is primarily 
controllable through the laser’s pulsing density.  As observed using SEM imaging, varying the 
pulsing density of the laser produces LIG hierarchical microstructures of different morphologies 
(Figure 2.15). At 1,000 dots per inch (DPI) and 7.2 W (12%), the LIG possesses a thin sheet-like 
structure (Figure 2.15A), while forests of LIG pillars of similar density are formed at 500 DPI and 
a similar output power (Figure 2.15B). The observed transition in morphology is due to the 
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decrease in pulse overlapping and fluence intensity during the successive polyimide liquefaction 
and carbonization process [304]. As overlapping between successive laser pulses is decreased, 
individual and distinctly tall graphene pillars of different end geometries are induced. Figure 2.15C 
shows pillars possessing sharp, pin-like ends that are formed at 400 DPI, whereas those at 200 DPI 
display blunter ends (Figure 2.15D). The height of these pillars is usually dependent on the laser’s 
fluence, growing taller with increasing output power [304]. At 100 DPI, arrays of evenly spaced, 
porous graphene micro-hemispheres are generated (Figure 2.15E & F). These individual 
microstructures possess a diameter of approximately 110 µm and are 10-45 µm apart, where each 
represents an individual laser impulse at its focused spot size. Each of these various, high aspect 
ratio, and fuzzy LIG morphologies potentially possess unique characteristics that can result in 
different interlayer behavior when introduced within the interlaminar region of fiber-reinforced 
composites. 
 
Figure 2.15. Surface morphology of LIG at varying pulsing densities. A) 1000 DPI. B) 500 DPI. 
C) 400 DPI. D) 200 DPI. E) & F) 100 DPI. 
 
In order to confirm that the laser induction process generates graphene, and not amorphous 
carbon, several chemical characterizations are performed. Lin et al. were first to discuss the photo-
thermal conversion of sp3-carbon atoms into sp2-carbon atoms through laser irradiation [303]. 
They confirmed it through high-resolution transmission electron microscopy (TEM) images 
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showing an abundance of pentagon-heptagon pairs and demonstrating the ultra-crystalline feature 
of the LIG. The TEM images were found to display the characteristic 3.37Å d-spacing of graphene. 
X-ray photoelectron spectroscopy on the LIG also showed a C-C C1s peak primarily, with C-N, 
C-O, and C=O peaks originally found in polyimide being greatly reduced. The atomic percentage 
of the carbonized surface is determined to be dependent on the induction power, displaying a 
maximum of 97% C1s, while O1s and N1s constituted the remaining 3%. Moreover, Duy et al. 
were the first to confirm that the chemical structure of the LIG is maintained when modifying 
rastering pulsing density to obtain different LIG morphologies [304]. Here, the various LIG 
surfaces are first characterized using Raman spectroscopy (Figure 2.16A). Irrespective of the 
pulsing density, the graphitic structure of the laser-induced graphene is confirmed through the 
presence of typical D-band, G-band, and 2D-band peaks at approximately 1355 cm-1, 1585 cm-1, 
and 2700 cm-1, respectively. While the D and G peaks indicate the carbonization of the polyimide 
substrate, the 2D peak suggests graphitization and graphene formation, as it represents the second-
order zone boundary phonons [349]. Such a peak signals the presence of a few-layer graphene 
structure [350]. As expected, the ratio of integrated G and D peak intensities (IG/ID) is found to 
decrease from 2.24 to 1.04 when decreasing pulsing density from 1000 DPI to 100 DPI. This is 
the result of the decrease in fluence intensity with decreasing pulsing density, as the polyimide 
substrate is exposed to a reduced degree of laser irradiation [304]. Nonetheless, the quality of the 
LIG can be further optimized independent of morphology through other parameters, such as output 
power and rastering speed. The described results confirm the graphitic nature of the LIG and agree 
with other reported studies that chemically characterize LIG [303–306]. Furthermore, the chemical 
compositions of the various LIG surfaces are studied using XPS (Figure 2.16B). When the pulsing 
density is decreased from 1000 DPI to 200 DPI, the surface oxygen content (O 1s) is found to 
decrease from 5.29 % to 1.57% (Table 2.2). The observed trend indicates that the LIG obtained at 
lower pulsing densities possess a reduced oxygen content [351]. However, the LIG generated at 
100 DPI is observed to display a chemical composition closer to that of polyimide, showing an 
unexpected 7.96 % increase in O 1s content, relative to that at 200 DPI. Moreover, unlike LIG 
generated at higher pulsing densities, both polyimide and 100 DPI LIG display residual nitrogen 
(N 1s) and silicon (Si 2p). This can be attributed to the relatively low spatial density of the 100 
DPI LIG (Figure 2.15E), which results in the X-ray source simultaneously detecting both the intact 
polyimide surface and the graphitic surface. It should be noted that the detected silicon residual is 
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due to the adhesive layer that covers the polyimide films used in this work. For more accurate 
dimensional control over the studied area, the elemental composition of the various LIG surfaces 
is also obtained using EDS (Figure 2.16C). Given the availability of SEM imaging, EDS allows 
for high accuracy elemental composition analysis of a single LIG pillar generated at 100 DPI 
independent of the surrounding polyimide substrate. As the pulsing density is gradually decreased 
from 1000 DPI to 100 DPI, the LIG oxygen concentration is found to similarly decrease from 4.5% 
to 1.4 %, confirming that the reduction in pulsing density from 200 DPI to 100 DPI reduces the 
LIG oxygen content. This is also in agreement with the XPS oxygen content trend for LIG 
generated at pulsing densities ranging between 1000 DPI and 200 DPI. In conclusion, decreasing 
the induction pulsing density while maintaining a constant output power reduces the LIG oxygen 
content. Nonetheless, the remaining oxygen is primarily in the form of carbonyl groups that are 
capable of chemically interacting with the matrix, allowing for stronger bonding at the level of the 
interlayer-matrix interface [351]. These results confirm the graphene nature of the laser induction’s 





Figure 2.16. Chemical characterization of LIG. A) Raman spectra of LIG at a 16% output power 
and varying pulsing densities. B) XPS spectra of polyimide and LIG at a 16% output power and 
varying pulsing densities. C) EDS spectra of polyimide and LIG at a 16% output power and 











Table 2.2. Oxygen and carbon contents of LIG at a 16% output power and varying pulsing densities 












2.5.2. LIG-aramid interface 
While earlier work only reported successful LIG synthesis on polyimide and 
polyetherimide, later studies expanded the list of possible substrates [303]. Through defocusing 
the laser, the conversion of high-temperature resistant polymers into graphene can be achieved at 
lower fluences, thus protecting the substrates from the ablation and considerable thermal damage, 
which would otherwise diminish its performance [47]. The list includes thermosets, natural 
polymers, and thermoplastics such as polyamide-imide, polyether ether ketone, and aramid. As 
seen in Figure 2.17A, the 0.3 mm defocused laser ablation of aramid Kevlar fabric yields a darker 
color with increasing laser output power, indicating the occurrence of carbonization. The original 
Raman spectra of the untreated aramid fabric show the characteristic peaks for PPTA, with the 
peaks at 1517 cm-1 and 1608.5 cm-1 corresponding to the C=C ring axial vibration mode, while 
those positioned at 1569 cm-1 and 1647 cm-1 belong to the radial vibration mode originating at 
amide II and amide I, respectively (Figure 2.17B).  These aramid fibers are known to be highly 
crystalline, primarily due to the exact disposition of its monomers along both the axial and radial 
directions, and the high regularity of its polymer chains [185]. Figure 2.17C shows the Raman 
spectra of an LIG coated aramid fabric induced at 20%, displaying typical peaks of a graphitic 
structure D-band, G-band, and 2D-band at 1354 cm-1, 1580 cm-1, and 2699 cm-1, respectively. As 
expected, the degree of aramid fabric graphitization increases with an increasing power output of 
 XPS EDS 
 % C 1s 
(284.7 eV) 






PI 80.99 11.97 71.1 23.7 
100 DPI 86.34 9.53 98.6 1.4 
200 DPI 98.43 1.57 98.1 1.9 
400 DPI 97.57 2.43  97.6 2.4 
500 DPI 96.74 3.26 97 3 
1000 DPI 94.91 5.29 95.5 4.5 
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the induction (Figure 2.18A-D) [303]. Here, the speed, defocusing distance, and pulsing density 
of the induction process are maintained constant, and therefore only the laser output power of is to 
affect the degree of graphitization. Typically, there exist a critical output power at which 
carbonization is initiated, while the quality of the LIG is expected to improve with increasing 
power until it starts degrading due to oxidation in the air [303]. At a lower output power of 8 % 
and 10%, the Raman spectra are considerably noisy, and a low IG/ID ratio is observed (Figure 2.18A 
& B). This is the result of the non-uniformity of the aramid surface chemistry due to the limited 
graphitization process. As power increases up to 16 %, the aramid fabric surface is further 
graphitized, as reflected by the appearance of distinct G and D peaks (Figure 2.18C & D). 
However, their 2D peak is considerably weaker than that obtained at an output power of 20 %. 
These results indicate that an induction power of 20% is ideal for the graphitization of the aramid 
fabric. The observed strong D peak in Figure 2.17C is the result of defects and broken symmetry 
sites, indicating a low LIG quality with an IG/ID ratio of 1.29. While the quality of the induced 
graphene on the aramid substrate is considerably lower than that observed on other substrates, such 
as polyimide and polyether ether ketone (PEEK), it is in agreement with other reported studies of 
LIG treated Kevlar fabric [308,352]. Nonetheless, the LIG can introduce multifunctionality to the 
aramid fabric in the form of a graphitized surface and can be further optimized depending on the 




Figure 2.17. LIG on aramid fabric. A) Aramid fiber surface after laser induction at various power 
outputs. B) Raman spectrum of untreated aramid fabric. C) Raman spectrum of LIG coated aramid 





Figure 2.18. Raman spectra of LIG coated aramid fabric at various induction powers. A) 8%; B) 
10%; C) 12%; D) 16%. 
 
The LIG coating of the aramid surfaces is further characterized using XPS analysis of C 1s 
spectrum, as seen in Figure 2.19. While the XPS spectra of the untreated aramid fabric can be 
deconvoluted into three bonding state peaks corresponding to C-C, C-N, and C=O at 284.7 eV, 
285.9 eV, and 287.8 eV, respectively, the bonding state peak of the LIG coated aramid fabric is 
exclusively dominated by that of C-C. During laser ablation, ketone and amine bonds are broken 
and removed in the form of gaseous products while the carbon atoms are rearranged to form 
graphene [352]. Therefore, the carbon content in LIG coated aramid fabric is increased, while that 
of other components, such as nitrogen and oxygen, is decreased. Therefore, the LIG is successfully 
adhered to the aramid surface through a direct laser writing method. Given that the LIG is part of 
the fabric, it is expected to be both inherently chemically and mechanically bonded to the aramid 
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surface. The various LIG morphologies on aramid fabric and their mechanical performance will 
be further discussed in later sections 
 
Figure 2.19. C 1s XPS spectra of untreated and LIG coated aramid fabric.  
 
2.5.3. LIG-carbon interface 
 Unlike aramids, carbon fabric is not a substrate on which LIG can be directly generated. 
Despite their electrical and thermal conductivity, carbon fiber reinforced composites still lack the 
hierarchical mechanical functionality that the LIG provides in order to overcome interlaminar 
stress concentrations and delay delamination. Nonetheless, due to their tackiness, carbon fiber 
prepregs provide an opportunity to mechanically transfer the LIG from a polyimide substrate onto 
a carbon fiber prepreg. Prior work has shown that vertically aligned CVD-grown CNTs can be 
transfer-printed from a silicon wafer onto a carbon fiber prepregs and act as interlaminar 
reinforcement [275]. By adjusting the applied pressure, the CNTs forest were transferred from the 
silicon substrate onto the tacky prepreg while maintaining their alignment, forming an interlayer 
that can toughen carbon fiber composites. Similarly, here, the LIG is transplanted from polyimide 
substrates on tacky carbon fiber prepregs while maintaining their alignment. As seen in Figure 
2.20, the transfer process allows for complete and uniform transfer of the vertically aligned LIG 
forest. The efficiency of the process is vastly improved by slightly heating the substrates to increase 
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the tackiness of the prepreg during transfer. Moreover, LIG generated at lower pulsing densities of 
500 DPI or less is found easier to transfer than those induced at 1000 DPI due to their more 
individual microstructures. While in such case, the LIG-carbon interface is not a conventional one 
and may potentially lack considerable chemical interactions, the LIG is expected to act as an 
interlayer that is firmly imbedded inside the matrix once the prepregs are cured.  The vertically 
aligned LIG can populate the interlaminar region, mechanically joining two adjacent layers. 
Further characterization of the interlayer and its performance will be performed in the following 
section. Therefore, it can be concluded that the LIG can be firmly attached to aramid and carbon 
fiber surfaces through direct laser writing and transfer printing, respectively, and adhered to them 
through inherent chemical and mechanical interactions. 
 
Figure 2.20. Transfer printing of LIG onto unidirectional carbon fiber prepreg ply. 
 
 
2.6. Chapter summary 
 In this chapter, fiber-interphase interactions between different nanomaterials and fiber 
surfaces were investigated and assessed to maximize the performance of interphases in fiber-
reinforced composites. The potential of amide-amide hydrogen bonding for the self-assembly of 
ANFs onto aramid fiber surfaces is studied in polyamide-based matrices and demonstrated to be 
advantageous over other forms of hydrogen bonding. An electrostatic adhesion approach using a 
cationic polymer coating is also discussed as a method to induce sufficient adhesion between ANFs 
and glass fiber surfaces. Furthermore, a novel aramid fiber surface fibrilization technique is 
presented as a potential approach to directly introduce an aramid nanostructured interphase onto 
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macroscale fabric or fiber surfaces. 
 In addition, the importance of high surface oxygen content to the adhesion of ZnO 
to fibers surfaces is discussed, and functionalization approaches are developed. For carbon fibers, 
a previously developed nitric acid functionalization technique is used to increase oxygen-
containing functional groups on the surface, specifically ketones, by 5.05%. For glass fibers, a new 
piranha solution oxidization method is developed and used to increase surface oxygen content by 
14%. The oxidized surfaces present improved chemical adhesion with the ZnO nanowires, 
resulting in better interphase performance when incorporated into composite materials. 
Furthermore, the LIG is demonstrated to be directly inducible on aramid fabric, as well as transfer-
printable onto carbon fiber prepregs. Through direct laser writing, the graphitic nanomaterial is 
generated directly on aramid fabric and therefore is inherently mechanically and chemically 
adhered to the surface. As for carbon fiber prepregs, their tackiness allows for the transplantation 
of the LIG from the polyimide substrate through a manual pressure process that maintains their 
alignment. The LIG is therefore adhesively attached to the prepregs, forming a well-adhered and 
uniform interlayer. Overall, this chapter focused on understanding fiber-interphase interactions and 
improving them for optimal adhesion. The following chapters will investigate the performance of 


















CHAPTER 3. Development and Optimization of Nanostructured Interphases 
for Structural Composites  
3.1. Chapter Introduction 
The following chapter focuses on the introduction of aramid-based nanostructured 
interphases onto the surfaces of aramid and glass fibers to maximize the interfacial properties of 
their corresponding composites for structural applications. In order to assess the quality and 
potential use of these interphases, the resulting surface morphology and chemistry is characterized 
through a series of techniques such as SEM, AFM, FTIR, and XPS. Single fiber tensile tests are 
used to investigate the effect of the treatment conditions on the tensile properties of the fibers, 
while interfacial properties are measured using quasi-static single fiber pullout (SFP) testing. The 
SFP tests are designed to induce catastrophic interfacial failure and avoid friction effects that can 
yield inaccurate results. Finally, the performances of these interphases in bulk composites is 
examined through short beam shear testing which evaluates the interlaminar properties.   
In the first part of the chapter, aramid nanofiber (ANF) interphases that were adsorbed on 
aramid and glass fiber surfaces are investigated. Through SEM and AFM imaging, the surfaces of 
the fibers are found to have increased roughness, which is desirable to improve mechanical 
interlocking between the fiber and the matrix. Moreover, through XPS and FTIR the fiber surfaces 
are found to be enriched with polar functional groups that can enhance chemical bonding between 
the fiber and epoxy matrix. Through quasi-static SFP and short beam shear testing, the introduced 
ANF interphases are found to exhibit improved interfacial and interlaminar properties, signaling 
enhanced interfacial interactions and a stronger fiber-matrix interface. The quality and 
performance of these interphases is optimized through varying the treatment periods. In the second 
part of his chapter, the dissolution and deprotonation process is modified in order to fibrilize 
aramid fibers. The short period fibrilization process yields improved aramid surface reactivity and 
generates nanofibrils capable of mechanically interlocking with the matrix. The improved surface 
chemistry and morphology is then demonstrated to result in enhanced interfacial and interlaminar 
properties under quasi-static loading conditions. Finally, the tensile properties of both ANF coated 
and fibrilized fibers is confirmed to be maintained, highlighting the benign nature of these 
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treatments and their suitability for industrial composite applications. 
 
3.2. Review of quasi-static interfacial testing techniques 
It is generally accepted that single fiber composite specimens are the most suitable approach 
for the direct evaluation of interfacial behavior of composite materials, specifically the interfacial 
shear strength (IFSS), given that it eliminates many of the material interactions that can skew the 
results [318]. The four most commonly used methods for the measurement of a single fiber 
composites’ IFSS under quasi static loading are single fiber pushout [353], single fiber 
fragmentation [184], micro-droplet [354–356] and single fiber pullout [162] (Figure 3.1.). The 
single fiber fragmentation (SFF) test is the most widely employed within the composites 
community [357]. In the SFF test, a single fiber is embedded into a polymer matrix, before 
subjecting it to tensile loading until the fiber reaches its tensile strength (σf) leading to fiber 
fracture inside the matrix due to the high surface area relative to cross-sectional area (Figure 3.1A). 
The loading of the fiber is continued  until the fragments saturate [358]. Based on the assumption 
that stress is transferred only through the interface, shear lag theory can be applied to identify 
IFSS.  However, the SFF approach is not suitable for high strain to failure fibers since the matrix 
may yield prior to achieving fiber fracture saturation [335,359]. Single fiber pushout is another 
common IFSS evaluation technique that measures the force required to push an embedded fiber 
out of a portion of the composite specimen using an indenter (Figure 3.1B) [353,360]. The 
advantage of this test lies in the clear demonstration of debonding failure. However, the method’s 
minimum deformation requirements are incompatible with polymeric fibers, such as aramids, as 
the indenter typically damages the polymer fiber during testing rather than achieving the correct 
pushout behavior [357].  Micro-droplet is also a viable approach in which a single droplet of 
polymer is applied to the fiber and subsequently sheared using a set of knife edges on a micro-vise 
(Figure 3.1C). Micro-droplet is an appealing approach due to its simplicity and limited equipment 
requirements, however the results are highly dependent on the shape of the droplet which dictates 
loading conditions, leading to high variability and poor statistical significance of the collected data 
[355]. Parameters that require extreme care during specimen fabrication, such as conus angle and 
droplet length, can heavily influence the level of stress concentration at the tip of the droplet and 
lead to inaccurate measurements [354]. Furthermore, the small volume of the droplet changes the 




Figure 3.1. Single fiber composite testing for determining the interfacial shear strength of fiber-
matrix interfaces. A) Single fiber segmentation, B) single fiber pushout test, C) micro-droplet test, 
and D) single fiber pullout test [318]. 
 
An alternative to each of these tests is single fiber pullout (SFP) (Figure 3.1D & 3.2A). In 
this test, a fiber is partially embedded in a matrix, which is fixed, and an external force is applied 
to the free end of the fiber until pullout is achieved [362–364]. The catastrophic nature of the fiber-
matrix interface failure makes it a good candidate for the assessment of interfacial properties under 
both quasi-static and impact loading conditions [365,366].  A critical component of the SFP test is 
the choice of embedded fiber length, which ensures that interfacial failure will occur prior to tensile 
failure of the loaded fiber. The interfacial shear strength (𝜏) (IFSS) of the specimen during SFP 





where F is the peak load at which pullout occurs, d is the diameter of the fiber, and l is the 
embedded length of the fiber. The applied load also results in tensile stress (𝜎𝑓) developing within 







where r is the radius of the fiber. Combining Eqs. 3.1. & 3.2. allows the determination of the 





Thus, for an aramid (Kevlar®) or glass fiber having a tensile strength ranging between ~ 2.5- 3.7 
GPa, a diameter of ~10-12 µm, and using an IFSS of ~40-50 MPa [367], the maximum calculated 
allowable embedded length is ~400 µm. However, in long embedded lengths that approach 
millimeter lengths, the distribution of shear loading is discontinuous and results in friction and 
crack propagation effects, leading to a more complicated debonding load response, and causing 
Eqs. 3.1. to be invalid [362]. Therefore, it is necessary for the chosen embedded lengths to be 
smaller than lmaxcatastrophic to ensure catastrophic interfacial failure (Figure 3.2B). In the case where 
embedded fiber lengths fall between lmaxcatastrophic and lmaxfriction, a considerable amount of frictional 
energy is dissipated during pullout, causing for the Tyson and Kelly model to be no longer valid. 
Once lmaxfriction is exceeded, fiber pullout becomes independent of embedded length and a steady 
state crack propagation behavior is expected. Therefore, using a safety factor of 4, the single fiber 
composites used for IFSS measurements are to have embedded lengths of less than 100 µm. 
However, embedded lengths of less than 20 μm are also to be avoided in order to eliminate the 
possibility of cross-sectional effects influencing the accuracy of measurements [362].  Therefore, 
SFP is an interfacial testing technique that can yield clear debonding failure, is suitable for both 
polymer and ceramic fibers, and allows for accurate IFSS measurements if designed properly. 
While the SFP sample preparation process can be challenging, we have developed a simple 
and rapid process to enable SFP testing to be performed with high statistical significance (Figure 
3.2C) [136,290]. Specimens are fabricated using slit silicon molds that allow for the embedded 
fiber length to be controlled under an optical microscope. The epoxy matrix consists of an Epon® 
862 (Hexion, Inc.) and Epikure® curing agent W (Hexion, Inc.) mixture at a ratio of 100:26.4, 
which is cured in the silicon molds for 6 hours at 125 °C. The specimens are then removed from 
the molds and tested using an Instron universal load frame (Model 5982) with a 2530 static 5 N 
load cell at a cross-head speed of 1 mm/min, until a 40% peak load drop and complete pullout 
behavior is observed. This SFP technique allows for accurate IFSS assessment in order to 
understand the effect of chemically treatments, or nanostructured interphases on interfacial 




Figure 3.2. Single fiber pullout testing. A) SFP experimental setup. B) Theoretical embedded fiber 
length versus debonding load. C) Schematic of SFP specimen fabrication process.  
 
3.3.  ANF nanostructured interphase 
3.3.1. Adsorption of ANFs onto fiber surfaces  
        The coating of aramid and glass surfaces with ANFs is realized using a simple dip-coating 
process in an ANF solution. Therefore, 0.2 wt% ANF suspensions are first prepared using the 
dissolution and deprotonation method described in Yang et al.[108]. A mixture of 1 g of aramid 
fibers (KM2+, style 790 scoured, CS-800), 1.5 g of finely ground potassium hydroxide (KOH), 
and 500 ml of dimethyl sulfoxide (DMSO) is prepared in a 1-liter bottle and stirred using a 
magnetic stirrer at 400 rpm for 7 days. The polymeric dispersion is obtained through the dissolution 
and deprotonation of the macroscale aramid fibers in the basic solution, where mobile hydrogen 
bonds are extracted from the amide functional groups, therefore considerably weakening hydrogen 
bonding between polymer chains. Pieces of aramid fabric are soaked in the solution and then 
removed successively over the next 10 minutes, after 1, 2, 3, 4, 5 and 10 minutes, respectively. 
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The aramid fabric pieces are then immediately rinsed in water and ethanol before being dried at 
80 ℃⁡for 12 hours, and under vacuum. Untreated aramid fibers are also cleaned in an equivalent 
manner for reference. As for glass fibers, plain weave fabric pieces (Fiberglast) are cut into 5 x 5 
cm squares and cleaned using successive sonication in acetone (≥ 99.5%, ACS reagent: 
MilliporeSigma) and ethanol (≥ 99.5%, ACS reagent: Fisher Scientific). The glass fiber surfaces 
are then positively charged through soaking them in a 1 wt% Polydiallyldimethylammonium 
chloride (PDDA) solution (MilliporeSigma) for 2 minutes, followed by air drying for 12 hours. 
The glass fiber pieces are finally dipped in the ANF suspension for 1, 3, and 5 minutes, followed 
by thorough rinsing using water and ethanol, and then drying at 100 °C for 10 hours under vacuum. 
 
3.3.2. Characterization of surface morphology and chemistry  
The modified aramid and glass fiber surface morphology due to the adhered ANFs is evaluated 
through SEM imaging (Figure 3.3 & 3.4.). Figure 3.3. demonstrates how the nanostructured 
coating fully covers the initially smooth aramid fiber surfaces (Figure 3.3A). The entangled and 
agglomerated ANFs are randomly aligned on the aramid surface, building networked structures of 
much larger scale than the individual nanofibers (Figure 3.3E). When dip-coating a tow, fabric or 
unidirectional tape of aramid fibers, the assembly of ANFs onto the macroscale surface is achieved 
by wetting through micro- and meso-channels, leading to the formation of web-like structures 
capable of bridging neighboring aramid fibers (Figure 3.3E & F). It should be noted that once the 
solvent is completely evaporated, the coated aramid fibers are thoroughly washed with DI water 
in order to neutralize the negatively charged ANFs. While these inter-fiber nanofiber structures are 
expected to further enhance the interfacial properties of aramid reinforced composites by 
anchoring the ANF interphase firmly into the matrix, an excessive coating can lead to weaker 
composites through the blockage of resin infiltration during composite fabrication [134,207]. 
Nonetheless, these morphological changes to the initially smooth aramid surface introduce a 
desired coarseness and roughness that allows for mechanical interlocking between the aramid fiber 
and the matrix. Moreover, further enhancement of interfacial properties can be achieved through 
the increased interfacial surface area induced by the introduction of the ANF interphase. Therefore, 
the adhered ANF interphase can yield desired morphological features when trying to enhance 




Figure 3.3. Scanning electron microscopy of untreated and ANF coated aramid fibers for surface 
morphology comparison. A) Untreated aramid surface. B-D) ANF nanostructured interphase on 
single aramid fiber surface after: B) 1-minute treatment. C) 2-minute treatment. D) 3-minute 
treatment. E) Agglomeration of ANFs along fiber surface and the formation of web-structures 
between neighboring fibers. F) ANF coated aramid fabric. 
 
The surface morphology of glass fibers is also considerably modified post PDDA and ANF 
treatments. Initially, the cleaned and untreated glass fibers display a smooth surface that offers 
little opportunity for mechanical interlocking with the wetting resin (Figure. 3.4A), leading to 
interfacial adhesion being primarily dependent on chemical bonding and compatibility between 
the fiber and the matrix. Once the PDDA coating is applied, the glass fiber surfaces are found to 
be slightly roughened (Figure. 3.4B). However, the thickness of the polymeric coating is observed 
to be negligible, as the diameter of the glass fibers remain relatively unchanged. The subsequent 
soaking of these fibers in the ANF suspension for a treatment period of only 1 minute results in a 
surface that is covered with networks of entangled ANFs (Figure. 3.4C & D). When the treatment 
period is further increased to 3 minutes, the ANF interphase completely and uniformly coats the 
glass surface, forming a continuous and nanostructured interphase of desirable morphology 
(Figure. 3.4E & F). Given that the thickness of the interphase does not exceed that of a small 
number of agglomerated nanofibers, the thickness of the ANF coating is expected to be within the 
range of the nanofiber diameter. This is confirmed through the negligible changes to glass fiber 
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diameter post-treatment, as typical monolayer ANF coatings are measured to be less than 2 nm 
thick [108].  In comparison to Park et al. [135], such ANF coatings present a considerably rougher 
surface morphology, all while maintaining a nanoscale thickness. The ANF induced surface 
morphology provides the potential to improve interlocking between the fiber and the matrix by 
allowing the glass surface to be anchored in the matrix. As observed in Figure. 3.4G & H, a 
prolonged treatment period of 5-minute results in excessive and undesirable ANF agglomerations 
on the glass surface, producing a porous and non-uniform interphase of increased thickness. Such 
a morphology can possibly lead to defects and voids within the composite by hindering the liquid 
resin from properly wetting the glass fiber surface and increasing the preform infusion time. The 
mechanical performance of these interphases in both aramid and glass composites is quantified in 
later sections in order to determine optimal ANF treatment periods. 
 
Figure 3.4. SEM imaging of untreated and ANF coated glass fiber surfaces for varying treatment 
durations. A) Untreated glass fiber surface. B) PDDA coated glass fiber surface. C–H) ANF 
interphase on glass fiber surface for a treatment duration of: C) & D) 1 minute, E) & F) 3 minutes, 




The morphological changes introduced by the ANF interphase to the surface of aramid and 
glass fibers are then studied using AFM scanning (Figure. 3.5 & 3.6), where a significant increase 
in surface roughness is found post-treatment. The surface roughness of each fiber is quantified 
through XEI (PSIA Corporation) analysis software and reported in Table 3.1. Both the root-mean 
square (RMS) roughness (Rq) and the average roughness (Ra) of ANF coated aramid fibers are 
increased by more than 88.9% following a 1-minute treatment. A maximum increase in average 
roughness is obtained in ANF coated aramid fibers after a treatment period of 3 minutes, showing 
an increase of 100.1%, compared to untreated aramid fiber. Similarly, the glass fiber surface is 
considerably coarsened due to the assembled ANF interphase, showing a maximum increase in 
RMS roughness of 45.72% after a 5-minute treatment, relative to untreated glass surfaces. The 
increase in surface roughness is attributed to the coarser surface geometry created by the adhered 
ANFs on the surface of the fibers. Rougher aramid and glass surfaces provide an opportunity for 
increased interlocking between the fiber and the matrix, therefore potentially strengthening 
interfacial adhesion between the fiber and matrix. However, it is also observed that the increase in 
roughness does not follow a linear relationship with prolonging treatment period. For both aramid 
and glass fibers, the increase in surface roughness with increasing treatment periods is minimal, 
signaling a potential saturation in surface roughness. The observed trend indicates that the rate of 
ANFs assembly on fiber surfaces is not constant, as will be explained in the following section. It 
should be noted that error associated with non-contact scanning using an AFM can yield different 

















Table 3.1. Measurements of Rq and Ra surface roughness on untreated and ANF coated aramid and 
















 The observed non-linear trend and saturation behavior in surface roughness can be justified by 
examining the ANF surface assembly mechanism (Figure 3.7.). The deprotonated ANFs are 
initially in a stable dispersion inside the basic solution, as electronic repulsion between 
neighboring nanofibers keeps them in equilibrium [108]. When a macroscale aramid fiber is 
introduced, physisorption between ANFs and the macro-aramid fiber surface occurs by means of 
Van der Waals forces and amide-amide hydrogen bonding, establishing negatively charged ANFs 
that occupy the aramid surface area and provide a largely increased roughness (Figure 3.7A). 
Despite minimal evidence of perturbation of electronic states between the adsorbent and adsorbate, 
adsorption is believed to be primarily established through the previously discussed amide-amide 
hydrogen bonding, similar to the intermolecular interactions found between aramid crystalline 
sheets [185]. Such interactions allow for ANFs to sufficiently assemble and strongly adhere to the 
aramid surface without the need for prior functionalization. Given the absence of such chemical 
interactions between aramids and ceramic glass, the assembly of ANFs on the glass fiber surfaces 
is initiated through electrostatic adsorption between the ANFs and PDDA surface coating (Figure 
Treatment Rq (nm) Ra (nm) 
Aramid fiber    
Untreated 27.99 24.12 
1-minute treatment 51.79 46.92 
2-minute treatment 54.39 47.83 
3-minute treatment 56.38 49.34 
5-minute treatment 56.53 49.09 
10-minute treatment 56.13 49.18 
Glass fiber 
Untreated 67.1 57.03 
PDDA coated 70.64 60.67 
1-minute treatment 79.82 68.52 
3-minute treatment 89.21 74.57 
5-minute treatment 97.78 79.73 
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3.7B). The applied PDDA coating positively charges the fiberglass surface, therefore enabling it 
to attract the negatively charged and dispersed ANFs. Therefore, once the PDDA coated glass 
fibers are inserted in the ANF suspension, the ANFs begin to assemble on the positively charged 
fiber surface through electrostatic adsorption.  As the adsorption process continues, both aramid 
and glass fiber surfaces become increasingly negatively charged due the attached ANFs, causing 
electric repulsion between them and the free ANFs remaining in the dispersion. Additionally, 
unoccupied fiber surface areas become scarce, making further ANF attachment more difficult. 
Thus, the observed nonlinear increases in RMS and average surface roughness, and the eventual 
saturation behavior, are attributed to the decrease in free surface area on the surfaces of the fibers, 
and the electronic repulsion between attached and free ANFs.  
 
Figure 3.7. Adsorption of ANFs onto aramid and glass fiber surfaces. A) Physisorption of ANFs 
onto aramid surfaces.  B) electrostatic adsorption of ANFs onto PDDA coated glass surfaces. 
 
Given the nanoscale nature of the aramid interphase, its weight quantification is a 
challenging task. This is particularly difficult in the case of ANFs adsorbed onto aramid fibers, as 
both the fiber and interphase share similar chemical and thermal properties, causing it to be 
difficult to distinguish them when using traditional characterization techniques. However, the 
quantification of electrostatically adsorbed ANF interphases onto glass fibers can be achieved 
using thermogravimetric analysis (TGA) (Figure 3.8.). This is made possible by the extremely high 
thermal stability of glass fibers, relative to the polymer interphase [368]. Given that PDDA and 
ANFs begin to decompose at considerably different temperatures of 315 °C and 536 °C (Figure 
3.8A), respectively, TGA analysis of glass fibers at various treatment periods can be used to 
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quantify the amount of ANFs adsorbed on the surface. Through previous visual inspection of SEM 
images, the ANF coating on the fiber surfaces is observed to spatially densify with increased 
treatment periods. In the case of untreated glass fibers, less than a 0.5% decrease in relative weight 
is observed, which can be possibly attributed to residual organic contamination on the surface. 
However, ANF coated glass fibers displayed a decreasing trend in relative weight with increasing 
treatment periods, reaching a maximum decrease of 2.2 % after a 5-minute treatment period 
(Figure 3.8B). The contributions of both surface coating components to the overall weight of glass 
fibers can be decoupled through the distinct changes to the slopes of the TGA curves around 250 °C 
and 500 °C, corresponding to the degradation of PDDA and ANFs, respectively. As observed in 
Figure 3.8B, the majority of the interphase weight is from the PDDA, as the ANFs consist, at most, 
less than approximately 0.5% of the overall treated glass fiber relative weight. Given the relatively 
similar amount of PDDA on fiber surfaces, the observed trend indicates that the quantity of ANFs 
attached to the fiber surfaces is increased with longer treatment periods, and that electrostatic 
equilibrium is unattained during a short dip-coating duration of 5 minutes. Moreover, the following 
measurements confirm the lightweight nature of the adsorbed interphase, therefore avoiding a 
significant increase to the overall weight of the fibers post-treatment. Finally, given the similarity 
of interphase density when comparing SEM images of ANF coated aramid and glass fibers, the 
ANF interphases are also expected to yield similar negligible changes to the weight of macroscale 
aramid fibers. 
 
Figure 3.8. Quantification of the ANF interphase. A) TGA of untreated glass fibers, ANFs, and 




Understanding of the adsorption process can be further achieved through investigating the 
chemical structure of the treated fibers using FTIR. The FTIR spectrum, seen in Figure 3.9A, 
shows that the ANFs have an essentially unchanged structure in comparison to that of macroscale 
aramid fibers, with the exception of a significant increase in the peaks corresponding to C=O 
stretching (1510 cm-1) and Phenyl-N stretching (1309 cm-1). These results indicate that ANFs 
contain more functional groups such as amines and carboxylic acids, resulting from the 
deprotonation process. These functional groups have the potential to form covalent and hydrogen 
bonds with epoxy matrices, therefore strengthening fiber-matrix chemical interactions. Moreover, 
as shown in Figure 3.9A, the FTIR spectra of ANF coated aramid fibers are similar to that of 
untreated ones. No significant peak shift or transmittance change are observed, indicating that the 
short adsorption process does not induce any chemical modification to the macroscale aramid fiber 
surfaces, and does not risk deteriorating the mechanical properties of the treated aramid fiber. 
When inspecting the FTIR spectra of untreated and PDDA coated glass fibers, it is found to be 
mainly dominated by absorbance peaks corresponding to Si-O (1093 cm-1) and Si-OH (993 cm-1) 
vibrational stretching, and Si-O bending bands (791 cm-1) (Figure 3.9B). This is expected given 
that glass fibers are primarily composed of silicon oxides and alumina [347,368].Moreover, the 
PDDA coating is found to yield insignificant changes to the glass fiber FTIR spectrum. However, 
once treated, the ANF interphase can be detected on the glass surface through the appearance of 
peaks corresponding to the aramid structure, such as N-H stretching (3326 cm-1), C=O stretching 
(1645 cm-1), C-N stretching (1541 cm-1), and C=C stretching (1510 cm-1).  The detection of these 
organic bands, despite the volume of ANFs being miniscule relative to that of the bulk material, 
highlights the potential of the functional groups associated with ANFs to chemically bond with the 
epoxy resin through covalent and hydrogen bonding. Furthermore. the original Si bands, 
corresponding to glass fibers, exhibit no shift in their wavenumbers or changes in peak intensities 





Figure 3.9. FTIR spectra of untreated and ANF coated fibers. A) aramid fibers. B) glass fibers. 
Additional insight into the adsorption process is gained by studying the surface chemical 
composition of the treated fibers. XPS is performed on both untreated and ANF coated fibers, and 
the results are shown in Figure 3.10. and quantified in Table 3.2. The addition of the ANF 
interphase to the aramid fiber surfaces results in a significant change to their chemical composition, 
as the concentration of carboxylic acid (COOH) is increased from 0.0 to 3.14 % after a 3-minute 
treatment, before saturation. Given the short treatment periods, macroscale aramid fiber hydrolysis 
can be ruled out and the detected carboxylic acid can be attributed to the introduced ANFs. 
Previous studies have shown that ANFs gain COOH surface functional groups due to the 
deprotonation process [136]. The addition of such functional groups to the aramid fiber surface is 
desired since it increases surface reactivity, and therefore is capable of improving chemical 
interaction between the fiber and the epoxy matrix.  Moreover, the concentration of carboxylic 
acid can be used to as a mean to quantify the concentration of ANFs adhered to the aramid fiber 
surface. The saturation in COOH concentration after a 3-minute treatment indicates that the ANF 
adsorption is halted during longer treatment periods. In addition, the trend between surface COOH 
concentration and adsorption periods is in good agreement with that of surface roughness reported 
in Table 3.1. Elsewhere, the surface chemical composition of treated ceramic glass fiber is found 
to be considerably similar to that of ANFs, displaying the presence of oxygen surface functional 
groups, such as ketones (~10%) and carboxylic acids (~ 3%), that are initially nonexistent. Thus, 
the existence of these functional groups on the glass surface confirms the presence of a dense ANF 
interphase, highlighting the improved surface reactivity and its potential in improving chemical 
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interaction between the fibers and the matrix. 
 
Figure 3.10. Normalized XPS spectra of C1s content of ANF coated aramid and glass fibers, 



















Table 3.2. Decomposed C1s energy state concentrations and bonding-state peak locations of 

















3.3.3. Measurement of fiber tensile strength 
A critical aspect of any interface enhancement method is that its implementation does not 
degrade the longitudinal properties of the fibers. In order to demonstrate the benign nature of the 
ANF adsorption process, the tensile strength of single aramid and glass fibers prior to and after 
various treatments is measured. As discussed in the introduction of this dissertation, many reported 
surface treatment methods applied to aramid and glass fibers are accompanied with a loss of tensile 
strength, yielding inferior in-plane properties when integrated into composites. Therefore, the 
preservation of fiber strength post-treatment is very important to demonstrate the effectiveness of 
an interface enhancement method. To measure these tensile properties, single fiber tensile testing 
is performed according to ASTM C-1557 (Figure 3.11A). Fibers of each set are inserted into 
cardboard frames with 5-minute epoxy (Loctite) at a gauge length of 12.7 mm. The 5-minute epoxy 
is then cured over at least 8 hours at room temperature. Fiber specimens are tested at an extension 










Aramid nanofibers 67.46 19.38 8.21 4.95 
Aramid Fiber     
Untreated 81.11 10.25 8.64 0.00 
1 minute treatment 81.55 9.32 7.5 1.64 
2-minute treatment 79.06 11.04 7.75 2.16 
3-minute treatment 79.88 11.38 5.6 3.14 
5-minute treatment 78.99 12.22 5.35 3.43 
10-minute treatment 78.49 12.31 5.79 3.41 
Glass fiber     
1-minute treatment 65.32 22.14 10.01 2.43 
3-minute treatment 66.47 21.06 9.49 2.97 
5-minute treatment 66.84 20.15 10.27 2.74 
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stress-strain curves are calculated in order to obtain corresponding tensile strength measurements. 
As observed in Figure 3.11B & C, the tensile strength of both aramid and glass fibers are 
statistically indifferent following PDDA and ANF coating across all treatment periods, which was 
confirmed using one-way ANOVA analysis (p-value>0.05). This indicates that the proposed dip-
coating process is benign and does not weaken the fibers. Such is expected, as the KOH inside the 
solution is completely consumed during the initial dissolution and deprotonation process that 
generates the ANFs, resulting in an ANF suspension that is only mildly basic.  Moreover, the short 
treatment periods limit the exposure of the fibers to this basic environment, and therefore ensure 
that the fiber surface avoids damage. This claim is confirmed by studying the effect of longer 
treatment durations on the tensile strength of the fibers. Given that aramid fibers are considerably 
more prone to hydrolysis than glass fibers in such a basic solution, only aramid fibers were 
considered for this experiment. The tensile strength of aramid fibers soaked for 24 hours in a 
colloidal ANF/DMSO solution is compared to that of aramid fibers soaked in a KOH/DMSO 
solution for 24 hours (Figure 3.11D). The fibers treated in the ANF/DMSO solution are observed 
to retain their original strength, while those dipped in the KOH/DMSO solution display a 12% 
decrease in tensile strength.  The conservation of strength after a long treatment period in an 
ANF/DMSO solution can be attributed to the absence of KOH, as it is completely consumed during 
the ANFs deprotonation and dissolution process. In contrast, the considerable decrease in aramid 
fiber strength post-soaking in a KOH/DMSO solution is attributed to the unreacted KOH inducing 
aramid hydrolysis, thus leading to the degradation and fibrilization of the aramid fibers. It can be 
then concluded that the ANF dip-coating process preserves the original tensile properties of the 





Figure 3.11. Tensile properties of untreated and ANF coated aramid and glass fibers. A) Schematic 
of single fiber tensile testing specimen. B) Tensile strength of untreated and ANF coated aramid 
fibers for various treatment durations. C) Tensile strength of untreated and ANF coated glass fiber 
for various treatment durations. D) Tensile strength of aramid fibers in ANF/DMSO and 
KOH/DMSO solutions for 24 hours.            
 
3.3.4. Examination of interfacial properties 
The addition of an ANF interphase should assist in overcoming the stress discontinuities 
present in a typical discrete fiber-matrix interface by bridging both its components through a 
combination of improved mechanical and chemical interactions. To confirm the effectiveness of 
ANFs as an interfacial reinforcement, IFSS of ANF coated fibers embedded in an epoxy matrix 
are measured through SFP testing. Single fiber pullout testing is a well-documented method that 
allows for the measurement of the debonding load between the matrix and embedded fiber 
[362,364,366]. The nanoscale thickness and uniformity of the ANF interphase along the surface of 
the fibers, as confirmed through SEM and AFM, ensures that the microscale embedded fiber is an 
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accurate reflection of the reinforcement mechanism at the macroscale level.  Specimens are tested 
using the setup shown in Figure 3.12A, which allows for loading of the fiber in tension through 
gripping its free end, at the level of the tab, using a clip, while displacing the epoxy block. This 
configuration is chosen for testing instead of the more conventional fixed matrix-loaded fiber tab 
due to the ease of aligning the fiber along the vertical direction by hanging it prior to gripping. 
Accurate vertical alignment of the fiber is critical for obtaining clean, complete pullout and 
accurate IFSS measurements. As previously mentioned, the experiment is designed such that 
debonding of the fiber-matrix interface happens through catastrophic failure by controlling the 
embedded length to be less than 100 μm (Figure 3.12B). Otherwise, debonding would occur at a 
constant rate, initiated through an initial crack propagation, while also introducing frictional forces 
that complicate the determination of IFSS [362]. Given these considerations, and irrespective of 
the loading configuration [366], the constant shear model developed by Kelly and Tyson is a 
suitable one for obtaining IFSS [364]. In the case of premature tensile fiber failure during testing, 
new specimens were retested. The measured IFSS of untreated and ANF coated aramid fibers is 
shown in Figure 3.12C, while Figure 3.12D demonstrates the independence of the measured IFSS 
from fiber embedded length. The low data variability also shows uniformity and consistency in the 
reinforcing capacities of the ANF interphase and its potential on the macroscale level. When 
compared to the IFSS of untreated aramid fibers (36.5 MPa), a maximum IFSS of 63.83 MPa is 
observed after a 3-minute treatment, yielding an improvement of 70.27 %. Longer treatment 
periods of up to 10 minutes shown no significant statistical improvement in IFSS, signaling a 
saturation in the reinforcing capacities of the ANF interphase. The rate of improvement in IFSS 
follows a nonlinear trend, as 65% of the maximum IFSS improvement is achieved after only a 1-
minute treatment. The displayed saturation of IFSS in lengthier treatments indicate the absence of 
ANF agglomerations at the fiber-matrix interface. Such agglomerations have been previously 
show to act as defects and debonding agents along the interface [136]. The observed saturation in 
IFSS can be attributed to the previously discussed saturation in surface roughness and COOH 
surface concentration, signaling a limit in the interfacial reinforcing performance of the adsorbed 
ANF interphase. The direct correlation between aramid fiber surface roughness, the concentration 
of surface functional groups, and the reinforcement performance of the adsorbed interphases 
indicate that a combination of mechanical interlocking and chemical interaction are the main 
reinforcement mechanism. The adsorption and well-adhesion of the nanofiber interphase to the 
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initially smooth fiber surface through amid-amide hydrogen bonding and coordinated π-π stacking 
roughens the fiber surface and allows for a higher degree of mechanical interlocking, as the 
interphase is wetted and diffused into the epoxy matrix. The introduction of such a hierarchical 
surface structure reduces interfacial stress concentrations and improves load transfer between the 
rigid fiber and the compliant matrix.  Moreover, the carboxylic acid rich ANFs also allow the 
aramid fibers to overcome their low surface energy [134], providing improved wetting and bonding 
with the epoxy matrix, while allowing for crosslinking with the epoxy resin during its cure 
[369,370]. It should be noted that the observed saturation in interfacial properties highlights the 
brief treatment period required to achieve considerable improvements, indicating that the 
described process would be compatible with large-scale fiber manufacturing. These results indicate 
that the ANF physisorption method is a highly effective and efficient technique to improve the 
interfacial strength in aramid fiber reinforced composites. 
 In order to assess the influence of electrostatic interactions on the performance of the ANF 
interphase, interfacial shear strength of the single glass fiber composites is assessed both with and 
without the presence of a PDDA coating (Figure 3.12E). In the absence of the PDDA coating, a 
maximum improvement of 52.4% in IFSS is found after a 3-minute treatment (72.9 MPa), relative 
to that of untreated fibers (47.6 MPa). This is achieved using simple physisorption of ANFs onto 
the glass surface when inserted in the ANFs suspension. When PDDA is coated onto the glass fiber 
surface, a new maximum IFSS of 87.21 MPa is reached, corresponding to an 83.2% increase 
relative to untreated glass fibers. The electrostatic interactions between the positively charged 
PDDA coated fiber surface and the negatively charged ANFs induces the assembly of a more 
tightly packed nanostructured interphase, yielding an improved adhesion to the fiber surface. 
Furthermore, the PDDA coating results in a more uniform ANF interphases for a specific 
treatment, as the standard deviation in all data sets is observed to be reduced. The uniform positive 
charge across the fiber surface due to the PDDA reduces inconsistencies during ANF surface 
assembly, rendering ANF adsorption a more consistent process. As previously discussed, the 
observed interfacial reinforcement is a result of the coarser fiber surface, which allows for the glass 
fiber surface to be firmly embedded inside the epoxy matrix, improving the transfer of mechanical 
stresses between the elastically mismatched constituents of the interface. In addition, the excellent 
compatibility of the interphase with the epoxy resin, through the addition of polar functional 
groups, helps improve surface wetting and enables chemical bonding between the matrix and the 
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previously unreactive fiber surface. When the treatment period is increased to 5 minutes, the IFSS 
is found to decrease both with and without the use of a PDDA coating by 77% and 49% relative to 
3-minute treatments, respectively. The porous and non-uniform ANF networks formed across the 
fiber surface after a 5-minute treatment (Figure 3.4G & H) increase the density of defects at the 
interface and disrupts the resin wetting process, forming a discontinuous and defective interfacial 
region [134]. However, the resulting IFSS remains comparable to that of untreated glass 
composites. It can be then concluded that similar to an ANF interphase phisisorbed on aramid 






Figure 3.12. Interfacial properties of untreated and ANF coated aramid and glass fibers. A) Single 
fiber pullout experimental test setup. B) Controlled embedded length of tested specimen. C)  
Interfacial shear strength of untreated and ANF coated aramid fibers. D) IFSS vs embedded lengths 




3.3.5. Examination of interlaminar properties 
To demonstrate that the achieved interfacial improvements translate into a laminated 
composite, the adsorption process is applied to aramid and glass fabrics and short beam shear 
testing is performed. With interfacial adhesion being a critical aspect to the overall mechanical 
performance of composites, its enhancement is expected to be reflected in improvements to the 
bulk properties of the composite. Given that delamination is a major cause of failure in composites, 
a well adhered fiber-matrix interface is necessary to reinforce the interlaminar region and provide 
greater resistance to crack initiation and propagation. The short beam strength of a composite is 
often dependent on interfacial adhesion, as well as the toughness of the matrix, and thus can be 
used to demonstrate the effects of an ANF interphase on the fiber-matrix interactions in bulk 
composites.  Here, composite plates are fabricated using a vacuum assisted resin transfer molding 
(VARTM) process. ANF coated aramid and glass fabric preforms are infused with Epon 
862/Curing Agent W resin mixture (100:26.4), and then cured at 177 °C for 150 minutes in a hot 
press (100 psi).  Specimens are then cut to dimensions according to ASTM D2344 standard and 
tested on a 5982 series Instron load frame, using a 3-point bending fixture and a 100 kN load cell 
at a cross-head speed of 1 mm/min (Figure 3.13A). Short beam strength (SBS) is calculated 
according to Equation (3.4.): 
 
                                                       𝑆𝐵𝑆 =
3𝑃
4𝑏𝑡
                                              (3.4.)  
Where b is the width, t is the thickness in the direction of the applied load and P is the maximum 
applied load at the center of the specimen. The SBS of untreated aramid reinforced composites is 
measured to be 17.23 MPa and is found to increase to 20.59 MPa after a one-minute treatment, 
corresponding to a 19.5% improvement (Figure 3.13B). Further improvement is observed in 
specimens with treatment periods of 2 and 3 minutes, registering a 24.31% and 25.6% increase 
compared to untreated specimens, respectively, but only a 4.03% and 5% increase over 1-minute 
treated specimens, respectively. The considerable improvement in SBS signifies that the ANFs 
web-like structures seen in Figure 3.3E & 3.3F did not contribute to the formation of voids and 
defects inside the composites. Moreover, no degradation in SBS is observed for treatment periods 
longer than 3 minute, as confirmed using one-way ANOVA analysis (p-value > 0.05). The 
described saturation in SBS agrees well with that previously observed in IFSS. The SBS of the 
ANF coated glass fiber composites is also found to follow an identical trend to that of its 
106 
 
corresponding IFSS, as it displays a maximum of 57.1 MPa after a 3-minute treatment period, 
corresponding to a 35.3% improvement in SBS relative to PDDA coated composites (42.2 MPa) 
(Figure 3.13C). It should be noted that only the SBS of glass composites coated with both PDDA 
and ANFs is studied, given their superior interfacial reinforcing performance during SFP testing. 
The SBS of untreated SBS specimens (39.43 MPa) is found to be 6.56% lower than that of PDDA 
coated specimens (42.2 MPa). Yet in order to isolate the effect of ANFs on the interlaminar 
properties of glass fiber composites, the performance of PDDA/ANF treated specimens is 
compared to that of only PDDA coated specimens. The improved SBS highlights the ability of the 
ANFs to reinforce the interlaminar region of aramid and glass fiber composites, as the introduced 
interphase reduces shear stress concentration and allows for a higher capacity to withstand mid-
span deformation. When the ANF interphase is embedded in the matrix, the discrete interlaminar 
region becomes hierarchically nanostructured, therefore bridging discontinuities and delaying 
interlaminar failure through an improved load transfer mechanism between the fiber and the 
matrix. While short beam shear testing measures the behavior of the bulk material, it is often 
dictated by the properties of the interface. Therefore, it should be expected that an improved 
interfacial shear strength translates into an improved interlaminar shear strength.  It should be 
noted that interfacial adhesion is not the only mechanism dictating failure under short beam shear 
loading, and therefore a lower bulk strength enhancement is expected when compared to IFSS 
improvements alone. However, ANFs have also been shown to improve the mechanical properties 
of the epoxy matrix, including its fracture toughness and elastic properties [110]. Therefore, in the 
case where a small amount of ANFs detach from the surface during the VARTM process, it can 
locally toughen and strengthen the matrix, providing further means for improving SBS of these 
composites. For a longer treatment period of 5 minutes, 57% and 25% decrease in SBS of the glass 
fiber composite is observed relative to that of the 3-minute ANF treated and PDDA coated glass 
SBS specimens, respectively. The weaker composite performance can be attributed to the 
accumulation of defects within the interlaminar region due to the poor quality of the fiber-matrix 
interface and the partial blocking of resin infiltration during VARTM (Figure 3.4G & H). Greater 
insight into the strengthening mechanism of the ANF interphase on glass fiber composites is 
obtained through the analysis of stress vs mid-span extension curves obtained during SBS tests 
(Figure. 3.13D). Glass fiber polymer matrix composites are known to possess short beam strength 
and stiffness that are relatively higher than that of polymer fiber based ones, such as aramids, yet 
107 
 
they are unable of supporting a similar amount of large mid-span deformations [371]. Therefore, 
these composites typically fail abruptly at the mid-plane section due to their low ductility and the 
accumulation of high interlaminar shear stress concentrations in them. This is reflected in the 
observed brittle response of the untreated glass composite, as highlighted by a sharp drop in stress 
at failure and its inability to support a steady stress state. However, in the presence of an ANF 
interphase, the failure mode of the glass fiber composites is hybridized to include certain 
characteristics that are unique to polymer fiber reinforced composites. The ANF reinforced glass 
specimens display a smoother transition from a maximum stress to an inferior and residual one, 
showing the ability to carry up to 75% of the maximum experienced stress, while supporting larger 
mid-span deformations. Therefore, the improved fiber-matrix interactions due to the introduction 
of an ANF interphase allows higher resistance to shear stress at both the interface and interlaminar 
region, providing a method to alleviate the primary failure mechanism in glass fiber reinforced 
composites. In conclusion, the introduced ANF interphase is able of providing a stronger 




Figure 3.13. Interlaminar properties of untreated and ANF coated aramid and glass fiber reinforced 
composites. A) Experimental setup for short beam testing. B) SBS of untreated and ANF coated 
aramid composites. C) SBS of untreated and ANF coated glass fiber composites. D) Stress vs mid-
span extension curves of glass fiber composite during short beam testing. 
 
The failure modes of the short beam specimens are studied using post-testing SEM 
imaging. The inelastic deformation failure mode of the aramid specimens, derived from there high 
fracture toughness, is preserved and strengthened. Given the non-delaminating failure mode of 
aramid short beam specimens, the effect of ANFs during aramid delamination is studied through 
micrographs of manually delaminated 3 minute-treated aramid short beam specimen surfaces 
(Figure 3.14A-C). The delaminated surfaces are prepared by manually bending the SBS samples 
post-freezing them in liquid nitrogen to induce brittle failure. The nanostructured interphase is 
found to be unbundled and dispersed on the lamina surface (Figure 3.14B & C). This indicates the 
ability of the ANFs to maintain their bonding with the surface of the fiber throughout the resin 
infusion, curing process and interlaminar failure. SEM imaging of glass SBS fractured surfaces 
also reveals morphological changes due to the ANF interphase. In the case of PDDA coated SBS 
specimens, adhesive failure is clearly detected, as uncovered glass fibers and minimal matrix 
material can be found across the surface (Figure 3.14D & E). Yet in the presence of ANFs, the 
fractured glass SBS surfaces are found to be considerably covered with matrix residues (Figure 
3.14F-J) and ANF networks (Figure 3.14K & L), indicating stronger adhesion between the glass 
surface and the matrix, and signaling a more cohesive interlaminar failure. The ANF reinforced 
fiber-matrix interface induces strong inter-ply adhesion and forces-initiated cracks to grow away 
from the interlaminar boundaries, thus providing the glass fiber composites with improved fracture 
energy absorption mechanisms. Such findings confirm that the glass SBS specimens exhibit 
inelastic deformation during failure, in addition to their original failure mode of interlaminar shear. 
Therefore, an ANF interphase considerably toughens glass fiber composites, while maintaining 
and reinforcing their unique high strength and stiffness. In conclusion, the adsorbed ANF 
interphase is capable of simultaneously strengthening and toughening both aramid and glass fiber 
reinforced composites, while introducing unprecedented and desirable characteristics into their 
failure modes. In the following section, the dissolution and deprotonation process used to generate 
ANFs will be considerably shortened in order to act as a macroscale aramid fiber surface treatment. 
The treatment maintains the structural integrity of the aramid fibers, while generating surface 
109 
 
nanofibrils and polar functional groups that improve its reactivity and mechanical interlocking 
abilities in a composite. The effect of the proposed fibrilization treatment on the interfacial and 
interlaminar properties of aramid fiber reinforced composites will be extensively studied and 
discussed.   
 
Figure 3.14. Fractured surfaces of untreated and ANF coated aramid and glass fiber composites. 
A) Surfaces of dip-coated aramid fabric pre-fabrication of laminate. B &C) Delaminated surfaces 
of an ANF coated aramid reinforced composite. D) & E) PDDA coated glass surface. F) & G) 1-
minute PDDA/ANF coated glass surface. H-J) 3-minute PDDA/ANF coated glass surface. K & L) 






3.4. Aramid fibrilized interphase  
3.4.1. Fibrilization of aramid fabric 
In lieu of completely dissolving the aramid fibers into ANFs, it is possible to fibrilize their 
surfaces using a similar deprotonation process, yet at considerably shorter treatment periods that 
preserve the aramid fiber structure while populating its surfaces with aramid nanofibrils. Here, 
fibrilization of the aramid fabric is achieved using the following procedure. Aramid fabric (KM2+, 
DuPont) is cut into 5 cm  5 cm squares, successively cleaned using acetone and ethanol, and then 
dried at 100 ˚C for 12 hours under vacuum. A solution consisting of 1.5 g of KOH (ACS certified, 
Fisher Scientific) and 500 mL of DMSO (ACS certified, Fisher Scientific) is prepared in a 1-liter 
glass beaker. The solution is stirred for 30 mins prior to adding the aramid fabric strips to the 
beaker. The fabric pieces are soaked in the solution and then removed successively over the next 
4 hours, at a 1-hour interval (Figure 3.15.). The fibrilized aramid strips are then washed with 
ethanol and dried at 80 ˚C under vacuum for 12 hours. 
 
Figure 3.15. Color change of the DMSO/KOH solution as fibrilization process ensues. 
 
3.4.2. Characterization of surface chemistry and morphology 
The effect of the fibrilization process on the aramid fiber surface morphology is evaluated 
through SEM imaging before and after treatment. The resulting changes to the aramid surface can 
be noted by the densification of fibrils, as shown in Figure 3.16. The diameter of the resulting 
fibrils ranges from over 2 microns (Figures 3.16B & C) to less than 300 nm (Figures 3.16E & F). 
The formation the fibrils is attributed to the deprotonation process that macroscale aramid fibers 
endure in such a basic condition [108]. As inter-chain hydrogen bonds are broken, aramid fibrils 
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start to disassemble from the macroscale fibers, eventually forming a uniform suspension of 
aramid nanofibers. The fibrils appear in random orientations and varied sizes. As the fibrilization 
period is increased, more negatively charged aramid nanofibers are formed and dissolved into the 
solution, as detected by the change in solution color seen in Figure 3.15. In this study, relatively 
short treatment periods are investigated in order to avoid any significant damage to the mechanical 
properties of the macroscale aramid fibers. Moreover, short fibrilization periods ensure that a 
significant amount of the newly formed fibrils remain connected to the aramid fiber surfaces, since 
the strength of the fibril-fiber bond is important to the reinforcement performance of the newly 
introduced interphase. Figure 3.16D displays how formed fibrils can maintain their partial 
attachment to the fiber.  The obtained microstructure can play a key role in enhancing mechanical 
interlocking at the fiber-matrix interface.  
 
Figure 3.16. Scanning electron microscopy images of untreated and fibrilized aramid fibers. A) 
Untreated fibers. B) Aramid fibers after a 2-hour fibrilization treatment. C) Aramid fibers after a 
3-hour fibrilization treatment. D) Aramid fibrils bonded to macroscale fiber. E) & F) Nanoscale 
aramid fibrils. 
 
The characterization of the aramid surface chemical composition post-treatment allows for 
greater understanding of how the fibrilization process effects the chemical reactivity of aramid 
fibers. XPS is performed on untreated and fibrilized aramid fibers, and the results are shown in 
Figure 3.17., and quantified in Table 3.3. The XPS spectra show an increasing amount of 
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carboxylic acid (COOH) formed during the fibrilization process, indicating an ongoing hydrolysis 
process on the surface of the aramid fibers. The concentration of carboxylic acid on the surface of 
aramid fibers is observed to increase up to 4.04% as the treatment period reaches 3 hours.  
Meanwhile, increases in ketone (C=O) bonds and C-N bonds are also observed with increasing 
treatment periods, due to deprotonation initiated by the basic nature of the treatment solution, 
which cleaves the amide bond into a primary amine and a carboxylic acid. As previously 
mentioned, methods of adding polar functional groups to the surface of aramid fibers are always 
desired since they can increase surface reactivity and improve chemical interaction between the 
fiber and the epoxy. An increase in oxygen-containing functional groups on the fibrilized aramid 
fiber surfaces can lead to better wettability to matrix materials, such as epoxy, and therefore 
improving fiber-matrix interfacial adhesion.  
 
Figure 3.17.  Normalized C 1s XPS spectra of untreated and fibrilized aramid fibers. The spectra 










Table 3.3. Experimental bonding-state peak locations and concentrations of the decomposed C 1s 
energy state of untreated and treated aramid fibers. 
  
        Further characterization of the fibrilized aramid chemical structure is obtained using FTIR. 
Figure 3.18A shows that there are no major changes in the IR spectra of the fibrilized aramid fibers 
when compared to untreated ones, indicating that no significant degradation took place during the 
fibrilization process. Nonetheless, detailed FTIR spectra in Figure 3.18B shows a relatively 
increased absorbance of the peak located at 1610 cm-1 in fibers fibrilized for 2 or more hours, 
corresponding to an increase in C=O stretching. This indicates an increase of carboxylic acid 
groups, which agrees with the XPS results. Furthermore, a peak shift corresponding to aromatic 
C=C stretching is observed in the spectra of fibers treated for 2 or more hours. The peak shifts 
from 1507 cm-1, for untreated and 1 hour treated fibers, to 1515 cm-1, for the remaining of treated 
fibers. The described shift indicates a decrease in the conjugation length of the p-phenylene 
terephthalamides (PPTA) molecules. This is assumed to be due to the dissolution and 
deprotonation process during fibrilization, which cleaves the hydrogen and amide bonds within 
the highly crystalline aramid fibers, forming free ends of amine and carboxylic acid functional 
groups. The free ends of the functional groups lead to a less stacked molecular structure on the 
surface of treated aramid fibers. The presence of such functional groups on both the surface of the 
aramid fiber and fibrils allows for improved adhesion and chemical interaction between the fiber 
surface and the matrix, while retaining the original chemical structure that gives aramid fibers its 
unique mechanical properties. 
 











Untreated 80.97 10.04  8.99  0.00 
1-hour treatment 77.54 13.51  8.8  0.25 
2-hour treatment 73.54 13.97  9.05  4.44 
3-hour treatment 67.49 18.88  9.59  4.04 




Figure 3.18. FTIR of untreated and fibrilized aramid fibers. A) Normalized FTIR spectra of aramid 
fibers for different treatment periods. B) Normalized FTIR spectra of different treatment periods 
showing a reduced transmittance of C = O stretching, which signals an increase in carboxylic acid 
surface functional groups. 
 
3.4.3. Measurement of fiber tensile strength 
 As previously mentioned, the enhancement of the fiber-matrix interface should not come at the 
expense of the strength of the fibers, so it is essential to maintain the critical in-plane properties of 
the resulting aramid composite. To ensure that the fibrilization process does not significantly 
degrade the tensile properties of aramid fibers, single fiber tensile testing is performed on untreated 
and fibrilized aramid fibers using the similar experimental process detailed in section 3.3. Figure 
3.19A shows the tensile strength for untreated and treated fibers, while Figure 3.19B shows the 
linear behavior of the corresponding stress and strain curves. None of the treated fiber sets display 
any significant statistical decrease in tensile strength when compared to untreated fibers, 
confirming the benign nature of the fibrilization process used here. However, it should be noted 
that, as previously shown in Figure 3.11., such a treatment is capable of reducing aramid fiber 
strength if prolonged, thus justifying the relatively short treatment durations employed here. It can 
be then concluded that the tensile strength of aramid fibers is fully preserved after the fibrilization 





Figure 3.19. Tensile properties of untreated and fibrilized aramid fibers. A) Tensile strength. B) 
Corresponding stress-strain curves. 
 
3.4.4. Examination of interfacial properties 
The interfacial strength of untreated and fibrilized fibers is obtained through quasi-static 
SFP testing, and the results are shown in Figure 3.20. Initially, IFSS of the single fibrilized aramid 
fiber composites are observed to improve as the fibrilization period is increased (Figure 3.20A). 
After a fibrilization period of three hours, a maximum IFSS of 74.3 MPa is obtained, showing 
approximately a 128% increase from an IFSS of 32.7 MPa for untreated fibers. The increase in 
IFSS is consistent across varying embedded lengths (Figure 3.20B), implying that the improved 
IFSS is independent of fiber geometry or the embedded fiber surface area. This low IFSS 
variability over the full range of embedded lengths allows for the assumption of a consistent and 
uniform improvement of fiber-matrix interactions all along the interface, and the potential of the 
fibrilization treatment to improve the reinforcing performance on a macroscale level. The 
significant improvement in IFSS can be attributed to the increased mechanical interlocking, since 
the fibrilization process creates a hierarchical structure at the surface that enhances the interaction 
and load transfer between aramid fibers and matrix. Moreover, the improved surface reactivity due 
to the introduced surface oxygen functional groups allows for enhanced chemical interaction 
between the fiber and the matrix. However, it should be noted that the increase in IFSS saturates 
after a fibrilization period of three hours, before showing a drop. Regardless, the IFSS from fibers 
after a 4-hour treatment is still 75.2% higher than untreated fibers.  A possible reason for the 
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observed drop in IFSS is that the aramid fibril-fiber interface is weakened as the reaction ensues. 
With increasing fibrilization periods, fibrils generated at an early stage will detach from the fiber 
surface, and thus lose their ability to provide mechanical interlocking between the fiber and the 
matrix. However, the aramid fibers will still retain some of the original fibrils, while new fibrils 
will continue to be generated during the fibrilization process, resulting in an IFSS higher than that 
of untreated fibers. Additionally, it should be noted that the fibrilization process is expected to 
continue in the case where the aramid strips are kept in solution until fibers are completely 
dissolved, and a stable dispersion of aramid nanofibers is formed, similar to what is reported in 
Yang et al. [108]. However, as fibrilization period is prolonged, the risk of weakening the tensile 
strength of the aramid fibers is also considerably increased (Figure 3.11D). Therefore, an 
optimized fibrilization period of three hours is preferred to achieve the best fiber-matrix 
reinforcing performance. 
 
Figure 3.20. Interfacial properties of untreated and fibrilized single fiber aramid composites. A) 
Interfacial shear strength of aramid fibers at various treatment periods. B) Distribution of 
interfacial shear strength over the range of embedded lengths for various treatments periods. 
 
3.4.5. Examination of interlaminar properties 
The observed increase in IFSS should translate to an improved interlaminar behavior in 
laminated aramid composites since the quality of the interlaminar region is often dependent on the 
adhesive shear strength between the fiber and matrix. The untreated and fibrilized aramid laminates 
were fabricated using a VARTM process and tested according to ASTM D2344. A maximum SBS 
of 28.3 MPa is observed after a 2-hour treatment, reflecting a 63% improvement relative to 
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untreated aramid specimens (17.65 MPa) (Figure 3.21A). Although SBS is maximized through a 
2-hour treatment, the recorded SBS after 3 and 4 hours of fibrilization still exceeds that of untreated 
aramid fibers. Similar to IFSS, the drop in SBS can be attributed to the detachment of fibrils from 
the surface of the aramid fibers. However, the formation of new fibrils ensures the maintenance of 
a superior SBS, relative to that of untreated aramid specimens. Greater understanding of this 
toughening mechanism in aramid fiber reinforced composites can be achieved by analyzing the 
failure modes of the specimens post-testing. Typical short beam failure modes of composite 
specimens are shown in Figure 3.21C, while Figure 3.21D displays untreated and fibrilized aramid 
short beam specimens post-testing. The observed failure mode in untreated aramid specimens is 
inelastic deformation. However, fibrilized specimens are found to fail in a combination of inelastic 
deformation and interlaminar shear at the mid-thickness of the specimens. Interlaminar shear is a 
failure mode that is usually attributed to glass and carbon fiber reinforced composites[372], both 
of which usually possess a considerably higher SBS than that of aramid reinforced composites.  
This claim can be further proven through examining the stress-displacement curves recorded 
during short beam shear tests (Figure 3.21B). Untreated aramid specimens do not exhibit a sharp 
drop in stress at failure and continue to carry almost 80% of the recorded peak load until the end 
of the test. In contrast, failure in fibrilized samples is attained in the form of a sharp drop in stress 
to a residual stress that ranges between 75% and 85% of the maximum experienced short beam 
stress. However, the specimens remain able of carrying a portion of the load until the end of the 
test, in a similar manner to untreated specimens. The conserved ability to carry short beam load is 
a characteristic of the inelastic deformation failure mode of tough aramid fiber composites, while 
the featured sharp drop after reaching peak load usually signals an interlaminar shear failure mode. 
Therefore, the fibrilization process conserves the high fracture toughness properties of aramids, 
while also yielding a higher SBS. In conclusion, the fibrilization process can strengthen the 
interlaminar region of aramid reinforced composites, while maintaining its original and unique 




Figure 3.21. Interlaminar properties of untreated and fibrilized aramid composites. A) SBS of 
untreated and fibrilized aramid fiber reinforced composite specimens. B) SBS vs mid-span 
extension response. C) Failure modes in short beam specimens. D) Untreated and fibrilized aramid 
short beam specimens post-testing. 
 
3.5. Chapter summary 
 In this chapter, the performance of aramid-based interphases as interfacial reinforcement 
in aramid and glass fiber reinforced composites are investigated for composites used in quasi-static 
structural applications. It is demonstrated through a simple dip-coating technique that ANFs can 
be phisisorbed and electrostatically adsorbed onto the surfaces of aramid and glass fibers, 
respectively, forming well-adhered and nanostructured interphases that present a more chemically 
reactive and rougher surface. The improved chemical interaction and mechanical interlocking 
mechanisms between the fiber and the matrix allow for up to 70.27% and 83% improvements in 
IFSS of single aramid and glass fiber composites, respectively, all while maintaining the tensile 
properties of the individual fibers. Furthermore, the interfacial reinforcements are demonstrated to 
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yield 25.6% and 35.3% improvements in the SBS of bulk aramid and glass composites, 
respectively. The benign ANF interphase design method presented here offers a rapid sizing 
process that can be applied in continuous fiber manufacturing, allowing for considerable 
improvements in as little as a three-minute treatment period. Therefore, such an ANF adsorption 
method has great potential to be integrated into the production processes of high-performance 
polymeric composites for several structural applications.  
In addition, the dissolution and deprotonation process used to generate ANFs is 
demonstrated to be useful for the benign fibrilization of aramid fibers.  Aramid fabric is treated in 
a DMSO/KOH solution for short periods of time in order to populate the aramid surface with 
nanofibrils and polar surface functional groups. The fibrilized aramid fibers are found to possess 
improved surface reactivity, along with surface attached nanofibrils that are capable of interlocking 
with the epoxy matrix. The fibrilized aramid fibers exhibit 128% and 62% increases to their 
interfacial and interlaminar properties under quasi-static loading conditions, without any signs of 
tensile strength degradation. The aramid fibrilization process presented here offers another rapid 
and low-cost technique that can be integrated in the large-scale production of high-performance 
aramid composites. In conclusion, these aramid-based nanostructured interphases are 
demonstrated to be capable of improving interfacial adhesion in aramid and glass fiber reinforced 
composites using scalable and fast techniques, while most importantly maintaining in-plane 
properties. In the next chapter, the effect of the developed fibrilization technique on the dynamic 
response of aramid fabric will be investigated. The changes to the fiber-fiber interactions within 
the fabric are investigated and studied through interyarn friction, ballistic limit, and dynamic stab 
testing. In addition, the dynamic response of high strength, yet brittle carbon and glass fiber 
composites will be assessed in the presence of ZnO interphases. The unique interfacial properties 
of the ZnO coated carbon and glass single fiber composites are examined using a novel 
experimental setup that accommodates high strain SFP testing, thus revealing the interfacial 








CHAPTER 4. Development and Optimization of Nanostructured Interphases 
for Composites in Ballistic Applications 
4.1. Chapter introduction 
 The following chapter focuses on the introduction of nanostructured interphases onto the 
fiber surfaces to optimally tailor their properties for soft and hard body ballistic applications. The 
absorption of impact energy is typically maximized when being carried by the tough fibers, as the 
matrix tends to fail in a brittle manner. This explains why tough polymer fabrics, such as aramids, 
have been heavily used to provide ballistic protection in soft-body armor applications. However, 
in the absence of a binding matrix, such protection lacks the structural integrity required for load 
bearing applications. While carbon and glass fiber reinforced polymer matrix composites possess 
the necessary strength and stiffness to support quasi-static structural loading, they tend to fracture 
easily when subject to dynamic impact. By allowing for easier fiber-matrix debonding, the fibers 
can absorb a greater amount of impact energy, thus improving the dynamic response of these 
composites. Yet such poor adhesion also deteriorates the load-bearing abilities of these composites, 
resulting in a trade-off between their structural and ballistic performance. 
 In the first part of this chapter, the dynamic response of fibrilized aramid fabric is 
investigated. It is demonstrated that the improved interyarn friction within the fabric due to 
fibrilization increases the ballistic limit and dynamic stab protection of aramid fabrics. The 
enhanced energy absorption mechanism of the fabric indicates the potential of the proposed surface 
fibrilization treatment as a fast and cost‐effective technique to improve the ballistic and stab 
performance of aramid‐based soft body armors. In the second part of the chapter, the performance 
of a zinc oxide (ZnO) interphase under dynamic loading conditions is investigated. Through 
variable strain rate single fiber pullout (SFP) testing, the grafting of a ZnO interphase is 
demonstrated to be a viable interphase design technique in order to tailor the interfacial properties 
of carbon and glass fiber composites for a simultaneously optimal behavior under quasi-static and 
dynamic loading conditions. The ZnO nanoparticles (NPs) and nanowires (NWs) are found to 
strengthen interfacial adhesion under quasi-static strain rates and weaken it under intermediate and 
high strain rates. The strain rate dependent interphase behavior is demonstrated to a result of the 
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brittle failure of the ceramic nanowires due to matrix stiffening effects at dynamic strain rates.  
4.2. Review of dynamic interfacial testing techniques 
 The ballistic performance of woven fabrics is primarily assessed using projectile impact 
tests. These tests involve shooting projectiles of various geometries at the fixed fabric, and 
determining its ballistic limit, known as V50 [194]. The performance of these fabrics is heavily 
dependent on the interaction between neighboring yarns, given that yarn pullout is a common 
failure mechanism. Through tow pullout testing, the interyarn friction within a fabric can be 
studied and optimized to maximize the ballistic limit of the fabrics. The ballistic limit is considered 
as a reliable criterion for the quantification of impact response in woven fabrics, as it represents 
the speed limit up to which the target is impenetrable by a specific projectile. As for the stab 
resistance of such fabrics, this is typically assessed through drop tower testing coupled with a spike 
impactor [373]. These tests are universally accepted and are usually convenient for studying the 
performance of woven fabrics that are subjected to dynamic impacts.   
Historically, the behavior of structural materials under dynamic loading conditions has 
been studied using a Split-Hopkinson pressure bar (SHPB) (Figure 4.1.) [374–376]. The SHPB 
achieves strain rates of up to 105 s-1 through a stress pulse traveling at the speed of sound inside an 
incident bar [377]. While, the SHPB technique may be useful for the characterization of the 
dynamic properties of a fiber reinforced composite, such as energy absorption and impact 
resistance, it is generally not suitable for characterizing interfacial behavior since the measured 
properties are typically that of the bulk, where the response from the fibers, matrix and interfaces 
are superimposed [378–382]. Interfacial testing that involves fiber bundles, as in the case of a 
composite laminate specimen, can lead to inaccurate measurements of the IFSS, due to what is 
known as the “matrix effects.” The concomitant failure of the matrix surrounding the 
circumference of the fibers with that of the fiber-matrix interface in a composite laminate generates 
complex results, leading to data misinterpretation and misleading conclusions if not properly 
accounted for [357,365]. Other mechanical systems employing hydraulic [383] and pneumatic 
[380,384] actuators have also been developed, yet are similarly concerned with the measurement 





Figure 4.1. Split Hopkinson pressure bar for dynamic material testing. A) Schematic of the SHPB 
experimental setup. B) Enlarged view of specimen in SHPB and the measured wave across 
interfaces [385,386].  
 
 As previously mentioned, single fiber composite testing allows for accurate assessment of 
interfacial properties in isolation of the individual properties of the fiber and the matrix. However, 
most single fiber composite testing procedures and experimental setups have been designed for 
quasi-static loading [362]. While SFP testing at high strain rates has been reported, most deal with 
large diameter fibers [387], fiber bundles instead of single fibers [388], use a non-polymeric matrix 
[389], or are limited in terms of the maximum applied strain rate [382]. A new approach was 
recently developed by Hwang et al. that provides a method for the characterization of the interfacial 
shear strength (IFSS) at the filament level with strain rates reaching 104 s-1 [138]. The method uses 
a piezoelectric stack actuator along with a custom-built discharge circuit for actuation which 
enables the evaluation of interfacial properties of single fiber composite specimens at high 
dimensional accuracy. The pullout forces are generated by discharging the stack actuator, while 
controlling the strain rate through the choice of load resistance in the discharge circuit. The 
described technique allows the use of SFP to compare the performance of modified fiber-matrix 
interphase across loading conditions, ranging from quasi-static strain rates all the way to high ones. 
 
4.3. Fibrilized aramid fabric 
4.3.1. Review of fibrilization process 
The effect of the previously discussed fibrilization process on the surface morphology of 
aramid fibers is confirmed through the SEM micrographs as shown in Figure 4.2. The 
deprotonation of the macroscale fibers inside the basic solution generates randomly oriented 
aramid fibrils with varying aspect ratios and diameters. As previously mentioned, shorter treatment 
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periods are found to reduce the breakage of inter-chain hydrogen bonds, allowing for a larger 
amount of the newly formed fibrils to remain attached to the macroscale fiber surface. The 
presence of these fibrils has been shown in the previous chapter to improve the mechanical 
interlocking capacity of aramid fabrics with polymers, such as epoxy, at the level of the fiber-
matrix interface. High aspect ratio fibrils can be seen spanning across multiple fibers and at 
crossing points of tows in both weft and warp direction. These surface fibrils can help enhance the 
impact resistance of the aramid fabric against bowing by bridging between neighboring fibers and 
forming inter-fiber structures. These inter-fiber structures can also potentially increase interyarn 
friction within fabrics by inducing stronger mechanical interlocking between neighboring yarns. 
Moreover, the fibrilized aramid fabrics exhibit no increase in weight or decrease in flexibility, thus 
preserving important characteristics of aramid fibers for its ballistic performance in soft body 
armor applications.  
 
Figure 4.2. Scanning electron microscopy images of untreated and fibrilized aramid fibers. A) 
untreated fibers. B) Fibers after a 2-hours treatment. C) Fibers after a 5-hours treatment. F) Fibers 
after a 7-hours treatment. E) Fibers after a 10-hours treatment. F) Generated surface fibrils. 
 
4.3.2. Measurement of fabric’s tensile strength  
The superior ballistic performance of aramid fabrics is partially attributed to their high 
tensile properties. Nilakantan et al. reported a direct correlation between the ballistic performance 
of the woven fabric and its corresponding yarn tensile strength, where a decrease in mean yarn 
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strength resulted in a reduction of fabric’s V50 [390]. Therefore, any enhancement of the interyarn 
friction of aramid fabrics should not come at the expense of the tensile strength of the aramid fiber 
or fabric. To ensure no degradation of tensile properties in aramid fabrics occurs post-fibrilization, 
textile fabric and single fiber tensile testing of untreated and fibrilized samples is performed at 
quasi-static tensile loading. The elastic modulus and tensile strength of untreated and fibrilized 
single aramid fibers can be seen in Figures 4.3A & B. As previously shown, no significant 
statistical decrease in the tensile strength of fibrilized aramid fibers is observed until a minimum 
treatment period of 10 hours. The tensile strength and elastic modulus of aramid fibers treated for 
10 hours are found to decrease by 8.9 % and 9.5 %, respectively. This trend is confirmed by the 
greater degradation of tensile properties of fibers treated for 24 hours, where a decrease of 12.6 % 
in the tensile strength is observed. The reduction in the aramid fibers’ strength at longer treatment 
periods is due to the prolonged hydrolysis process occurring inside the basic treatment solution. 
The effect of fibrilization is further studied through the measurement of the tensile properties of 
both untreated and fibrilized aramid fabrics according to ASTM D5353 (Figures 4.3C & D). 
Similar to single fiber tensile testing, a 7.5% and 6.8 % decrease in the tensile strength and elastic 
modulus of 10 hours treated aramid fabric is observed, respectively. The expected decrease in the 
tensile properties of the fabric is due to weakened yarn and individual fiber strength, therefore 
indicating that prolonged treatment periods of longer than 10 hours can be expected to offer an 
inferior reinforcement performance to the impact response of the aramid fabric. It should be noted 
that the slight increase in tensile strength of 5 hours treated fabric is due to the potentially increased 
interyarn friction between the tows. It can be then concluded that the tensile strength of aramid 
fabrics is fully preserved post-fibrilization treatment periods of less than 10 hours, and its ballistic 




Figure 4.3. Tensile properties of untreated and fibrilized aramid fabric A) Tensile strength of 
untreated and treated single aramid fibers for various durations. B) Elastic modulus of untreated 
and fibrilized single aramid fibers for various durations. C) Tensile strength of untreated and 
fibrilized aramid fabric for various durations. D) Elastic modulus of untreated and fibrilized aramid 
fabric for various durations. 
 
4.3.3. Effect of surface fibrilization on fabric’s interyarn friction  
To investigate the effect of the fibrilization treatment on the energy absorption capacity of 
the aramid fabrics, single tow pullout testing is performed under controlled transverse tension 
using the experimental setup shown in Figure 4.4. The shown setup is similar to that described by 
Hwang et al. and allows the clamping of the treated fabric between a fixed column and an 
adjustable link, where a lead screw can be used to adjust the clamping distance and thus apply 
lateral tension to the fabric [217]. The load-displacement curves are recorded at the same preload 
transverse tension of 100 N. The amount of energy absorbed during pullout, known as the pullout 
energy, is calculated through integration of the recorded load-displacement curves. By testing 7 
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tows per fabric, the uniformity of the fibrilization treatment and the repeatability of the tow pullout 
testing process are ensured. The averaged pullout energy of the untreated and fibrilized fabrics is 
listed in Table 4.1., and the peak loads along with the corresponding load-displacement curves are 
shown in Figure 4.5. Both pullout load and pullout energy are increased by more than 157 % and 
194 %, respectively, after only 2 hours of fibrilization. A maximum increase in pullout properties 
is found in fibrilized aramid fabric with a treatment period of 5 hours, which shows an increase of 
550 % and 665 % in peak load and pullout energy, respectively. By studying the recorded peak 
load-displacement curves, it can be seen that the loaded tow initially experiences static friction, 
highlighted by the first recorded peak. This is followed by a large drop in load, as the specimen 
undergoes kinetic friction when passing through the first transverse tow. The increase in static 
friction before un-crimping is attributed to the improved mechanical interlocking between 
fibrilized fibers and yarns, indicating increased interyarn friction. Further decrease in load along 
with certain local peaks are recorded as the loaded tow passes through all remaining transverse 
tows. Moreover, fibrilized aramid fabrics display slightly larger extensions before complete 
pullout, resulting in further enhancement of the pullout energy. The observed delay in pullout 
failure confirms larger resistance to yarn pullout stemming from the improved interaction between 
the neighboring and intersecting tows of the fibrilized aramid fabric. Such pullout behavior agrees 
well with that of other cases of aramid fabric treatment methods reported in previous studies, such 
as polymeric and ZnO nanoparticle coatings [218]. 
 
Figure 4.4. Tow pullout testing. A) Schematic of experimental setup for tow pullout test. B) 




Figure 4.5. Interyarn friction of untreated and fibrilized aramid fabric. A) Load–displacement 
curve showing tow pullout behavior of different treatment periods. B) Comparison of average peak 
load values between fabric specimens of different treatment periods. 
 
Table 4.1. Averaged pullout energy and peak load of untreated and fibrilized fabrics. 
 
        By performing an examination of tow pullout samples using SEM imaging following the 
completion of the test, dense bundles and layers of dispersed fibrils and fibrilized aramid fibers 
can be seen at the yarn-crossing points of 5 hours and 10 hours treated aramid fabrics, whereas 
untreated fabrics display no sign of excessive fibrilization (Figure 4.6). As expected, the degree of 
fibrilization in 5 hours treated fabric is considerably larger than that in 10 hours treated samples, 
further confirming the tow pullout results. The abrasive loading experienced during a tow pullout 
generates aramid surface fibrils in both the untreated and fibrilized case due to the breakage of the 
Treatment Period (hrs)  0 2 5 7 10 
Pullout energy (mJ) 4.18 12.32 32.93 22.45 23.43 
Standard deviation 0.91 1.39 3.29 2.01 1.87 
% Improvement - 194.4 665.3 437.3 460.2 
      
Peak load (N) 0.89 2.29 5.79 4.75 4.63 
Standard deviation 0.17 0.32 0.62 0.54 0.75 
% Improvement - 157.3 550.5 433.7 420.2 
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hydrogen bonds responsible for holding individual polyamide macromolecules together; however, 
the deprotonation to which the aramid fabric is subjected prior to testing further weakens hydrogen 
bonding, promoting easier fibrilization of the treated aramid fiber surfaces under abrasive action. 
Therefore, the increased surface fibrils found in treated fabrics post-testing can be attributed to 
both the initial fibrilization treatment, and the breakage of hydrogen bonding during abrasive 
loading. The presence of these microstructures indicates an increase in interyarn friction by means 
of mechanical interlocking, explaining the observed improvement in initial peak load and pullout 
energy of the fabric. Thus, the preservation of tensile strength and the considerable enhancement 
in the interyarn friction of aramid fabrics after short treatment periods confirm the potential of 
fibrilization in yielding a higher fabric impact resistance, inducing a desirable and improved 
ballistic performance. It should also be noted that the improvements in interyarn friction saturate, 
as 7 and 10-hours treatments show a 20.4 % and 24.54 % decrease in pullout energy when 
compared to that of a 5-hours treatment, respectively. Regardless, these set of fibers still possess a 
minimum 437% higher pullout energy relative to that that of untreated fabrics. The reason for such 
a trend is the decrease in fibril density on the macroscale aramid fiber surfaces, since the fibrils 
generated at early treatment stages start to debond, therefore lowering the effectiveness of interyarn 
mechanical interlocking due to the fibrilization treatment. It should be noted that the observed 
trends are unique to the treatment conditions of this study, as the use of different bases and 




Figure 4.6. SEM images of aramid fabrics, both untreated and fibrilized, after pullout test at yarn-
crossing points. A-C) Untreated. D-F) 5-hours treated fabric. G-I) 10-hours treated fabric. 
 
4.3.4. A study of the ballistic limit of fibrilized aramid fabric   
 The ballistic performance of the fibrilized aramid fabric is further studied through ballistic 
impact tests performed using a custom designed gas gun setup as described in Stenzler et al. 
(Figure 4.7.) [26]. The compressed air driven ballistic setup is instrumented for accurate 
measurement of projectile’s impact velocity. The velocity of the projectile is obtained by recording 
the time required for it to block the incident light by traveling between two photoresistors placed 
19.05 mm (3/4 inch) apart at the end of the barrel (Figure 4.7C). A blunt 4130 alloy steel projectile 
(hemispherical face) with a mass of 29 g and a diameter of 11.4 mm is to be used to impact the 
fabric targets consisting of three cross-shaped aramid fabric plies with a square target area of 7.8 
x 7.8 cm2. The samples are clamped from all four sides using a steel plate with recessed bars as 
shown in Figures 4.7A & B. The applied torques to the steel plates and bars screws are controlled 
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using a torque-wrench to ensure uniform clamping and prevent any target slippage during impact. 
The impact of the projectile on the target surface are designed for zero degrees of obliquity, and a 
clay trap placed 2 inches behind the target is examined for penetration after each firing of a 
projectile. For each set of aramid fabric, 12 targets are shot and the ballistic limit (V50) is obtained 
by taking the arithmetic mean of the three highest non-penetrating and the three lowest complete 
penetrating impact velocities into the clay trap. 
 
Figure 4.7. Impact testing. A) Cross-shaped, 4-sided clamped aramid fabrics. B) Experimental 
setup using 0.25-inch distance between barrel and target. C) Photogates recorded signal as 
projectile exits the barrel. 
 
The influence of fibrilization on the impact resistance of aramid fabrics is evaluated by 
subjecting the treated fabrics to impact tests at velocities ranging from 75 m/s to 115 m/s. Given 
its optimized ability to maintain the tensile strength of the aramid fabric, while yielding maximum 
improvement in interyarn friction, a 5-hours treatment is chosen to be studied. The treated fabrics 
are tested over three different velocity zones before calculating the V50 speed. As previously 
mentioned, the V50 speed is considered a reliable criterion for quantification of the impact 
resistance of woven fabrics, as it represents the speed limit up to which the target is impenetrable 
by a specific projectile [391]. Proper clamping of the samples from all sides is necessary to avoid 
slippage, which can result in inaccurate impact responses. Penetration of the fabric is considered 
to be successful in the case where the projectile impacts the clay trap placed 2 inches behind the 
fabric target. The projectile’s velocity for each performed test, along with the type of failure across 
all velocity zones are presented in Table 4.2. At speeds less than 88 m/s, both untreated and 
fibrilized aramid fabrics are able to stop the projectile, dissipating all its kinetic energy and 
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preventing it from penetrating and reaching the clay trap. However, as projectile’s velocity is 
increased into the intermediate range of 88-98 m/s, the impactor is able to penetrate untreated 
aramid fabrics at certain speeds but not the fibrilized fabric. The higher impact resistance observed 
in the fibrilized aramid fabric is the result of an improved energy dissipation mechanism due to 
fibrilization. The increased interyarn friction of the fibrilized fabric limits the mobility between 
neighboring fibers and tows, which decreases the possibility of wedge-through projectile 
penetration due to bowing. Moreover, the fibrilized fabric visibly exhibits no more local or remote 
yarn failure than the untreated one, given both possess similar tensile strengths. As the velocity is 
further increased to over 97 m/s, complete projectile penetration starts to occur in fibrilized fabrics. 
At such speeds, the aramid fabric is unable to absorb all the projectile’s kinetic energy, as 
penetration occurs, and the projectile’s momentum is stopped by the clay trap. The calculated V50 
of the fibrilized aramid fabric is found to be approximately 10 m/s higher than that of untreated 
fabric, indicating an improved impact response due to fibrilization. The observed 12% 
improvement in V50 speed of fibrilized aramid fabrics predictably agrees well with the previously 
discussed 550 % increase in yarn pullout force. The limited improvement in ballistic performance 
relative to that of interyarn friction is mainly due to the contribution of multiple failure mechanisms 
to the failure of the fabric under impact loading conditions. The high strain rate loading conditions 
of impact testing have been shown to excite p-phenylene terephthalamides (PPTA) bonds beyond 
their activation energy, resulting in primary bonds breakage and the promotion of brittle fracture 
[392]. The ability of aramid yarns to withstand rupture is independent of any interfacial properties, 
as it is primarily dictated by fiber and yarn’s tensile properties. Therefore, the contribution of these 












Table 4.2. Details of all the reported impact tests for untreated and fibrilized aramid fabrics. 
 
Examining the failure modes of untreated and fibrilized aramid fabrics through post-testing 
imaging allows for accurate interpretation of the role of fibrilization treatment in the impact 
resistance reinforcement mechanism. At lower speeds, the projectile is unable to penetrate the 
target, yet still results in deformations to the fabric. In comparison to fibrilized fabric, the untreated 
fabric experiences larger deformations around the blast area due to bowing, along with further 
damage to the second and third ply, as the first ply absorbs less kinetic energy than in the case of 
fibrilized fabrics. The difference in bowing behavior correlates to the mobility of the tows and 
fibers within the fabric. As complete penetration starts to occur at higher projectile speeds, the 
failure mode of the aramid fabrics is modified. The ability of adjacent yarns and fibers in untreated 
fabric to easily slide results in traces of yarn pullout around the blast area, as well as a cross shaped 
yarn pullout (Figure 4.8.) due to the 4-sided clamping of the sample. Significantly less yarn 
pullout/sliding is observed in fibrilized fabrics due to the increased interyarn friction and decreased 
yarn mobility through the generated surface fibrils. Moreover, the blast hole left by the penetrating 
Untreated     Fibrilized 
Impact speed (m/s) Failure Impact speed (m/s) Failure 
79.37 No Penetration 87.69 No Penetration 
81.32 No Penetration 90.79 No Penetration 
83.23 No Penetration 95.29 No Penetration 
87.72 No Penetration 97.23 No Penetration 
88.60 Penetration 98.25 Penetration 
90.07 No Penetration 99.21 Penetration 
92.96 Penetration 100.26 No Penetration 
93.75 No Penetration 101.6  Penetration 
95.25 Penetration 102.82 Penetration 
97.60 Penetration 103.58 No Penetration 
99.73 Penetration 104.09 No Penetration 
102.97 Penetration 105.83 Penetration 
112.34 Penetration 108.62 Penetration 
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projectile is significantly smaller in fibrilized fabrics than untreated ones, signaling a decrease in 
the ability of the projectile to wedge through the aramid yarns. It should be noted that both sets of 
fabric experience a high degree of remote and local yarn rupture which can be considered as the 
primary failure mechanism at such high speeds. SEM micrographs of the blast area of untreated 
and fibrilized fabric targets can be seen in Figure 4.9. Post-testing, untreated aramid fabrics are 
found to sustain substantial deformation around the blast area as the projectile velocity is increased. 
The deformation in untreated fabric is primarily in the form of yarn sliding and weave distortion, 
as no excessive signs of surface fibrillation are found. However, even at high projectile velocities, 
fibrilized fabrics display minimal yarn sliding and weave deformation, yet surface fibrillation is 
prominent. Moreover, both fabrics present structural failure in the form of the ruptured fibers. 
These observed differences in failure mechanisms agree well with the V50 metrics detailed in Table 
4.2. Such results confirm the ability of the increased interyarn friction, achieved through 
fibrilization treatment, to contribute into an improved impact response of aramid woven fabrics. 
 
Figure 4.8. Comparison between untreated and fibrilized aramid fabrics (bottom row) after impact. 
A) Untreated aramid fabric after low velocity, non-penetrating impact (below 90 m/s).  B) 
Fibrilized aramid fabric after low velocity, non-penetrating impact (below 90 m/s). C) Untreated 
aramid fabric after high velocity, fully penetrating impact (above 100 m/s). D) Fibrilized aramid 





Figure 4.9. Micrographs of untreated and fibrilized aramid fabrics after impact testing. A) and B) 
Untreated and fibrilized aramid fabric tested at 87 m/s, respectively. C) And D) Untreated and 
fibrilized aramid fabric tested at 95 m/s, respectively. E) And F) Untreated and fibrilized aramid 
fabric tested at 102 m/s, respectively. 
 
4.3.5. Investigation of the stab resistance of fibrilized aramid fabric 
The capacity for fibrilized aramid fabric to improve stab protection against a spike is 
studied in this section by performing drop tower testing on aramid targets from a fixed height with 
varying drop masses (Figure 4.10.). Similar to ballistic testing, 8 aramid fabric plies are treated for 
5 hours and used as impact targets. Again, the choice of a 5-hours treatment is due to its ideal effect 
on the tensile properties, interyarn friction and ballistic limit of the fabric. The fibrilization 
treatment has no considerable effect on the areal density, thickness, or flexibility of the aramid 
fabric, and therefore the same number of plies is used for both untreated and fibrilized fabric targets 
for adequate comparison. The drop height is fixed at 0.35 m, while the total drop mass can be 
varied between 1.407 kg, which is the mass of the carriage unloaded, and 1.907 kg. The use of 
witness papers to measure depth of penetration is chosen over other approaches due to ease of 
implementation, rapid assessment of penetration depth, and high resolution given the thickness of 
each witness paper (Figure 4.10B). Moreover, the witness paper approach avoids any inaccuracies 
while performing depth of penetration measurements, as it accounts for any possible spring-back 
of the impactor by recording the initial penetration depth. The depth of penetration, along with the 
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impact load for each drop mass can be seen in Table 4.3.  
 
Figure 4.10. Fabric stab testing. A) Spike impactor. B) Drop tower and dynamic stabbing 
configuration. 
 






An increasing trend in depth of penetration and impact load is observed in both untreated 
and fibrilized fabrics with increasing drop mass (Figure 4.11.). However, fibrilized aramid fabrics 
display a significantly improved stab resistance compared to untreated aramid fabrics. For a drop 
mass of 1.407 kg, the fibrilized aramid fabric is able to prevent puncture, while untreated aramid 
fabric exhibits an approximately 1 mm deep penetration. As drop mass is increased, fibrilized 
aramid fabrics maintain their superior stab resistance, showing a maximum decrease of 230% in 
depth of penetration and a maximum increase of 110% in impact force. The decrease in penetration 
depth is expected to be accompanied by an increase in impact load, as a larger portion of the kinetic 
impact energy is damped and absorbed by the aramid target, thus reducing the distance traveled 
by the impactor into the backing material. It should be noted that the maximum allowable depth 








impact energy (J) 
1.407 0.35 2.62 4.831 
1.507 0.35 2.62 5.174 
1.607 0.35 2.62 5.517 
1.707 0.35 2.62 5.861 
1.807 0.36 2.62 6.204 




Figure 4.11.  Dynamic stab testing. A) Penetration depths of untreated and fibrilized aramid fabric 
targets against spike impactor for different drop masses. B) Impact loads of untreated and fibrilized 
aramid fabric targets against spike impactor for different drop masses.  
 
An inspection of the failure modes in both untreated and treated aramid fabrics post-
stabbing provides greater understanding of the role of the fibrilization treatment in the stab 
resistance reinforcement mechanism (Figure 4.12.). For the same drop mass and height, untreated 
aramid targets display considerably more significant puncture damage than fibrilized ones. 
Generally, spike impactors are able to penetrate aramid fabrics through intra- and interyarn 
slippage, resulting in little to no fiber tensile failure. The restricted mobility of neighboring fibers 
and tows in treated fabrics due to the improved interyarn friction provides higher resistance against 
stabbing by preventing the spike from sliding between the filaments and penetrating. These results 
are further supported by quasi-static stab testing, where similar aramid targets were used. Figure 
4.13. shows an 80% increase in supported stabbing load over a 15 mm penetration depth in 
fibrilized aramid fabrics compared to that in untreated fabrics. While both fabrics are completely 
penetrated by the spike impactor, treated fabrics displayed a delay in complete target rupture and 
a significantly reduced stabbing compliance. This improvement in stab resistance at low loading 
rates is another indicator of the role of reduced yarn and fibers mobility in improving the stab 
resistance performance of aramid fibers. In conclusion, these results indicate the possibility of the 
fibrilization treatment providing significant stab protection without any increase in weight or 
decrease in flexibility of the aramid fabric. While this section detailed the potential of fibrilization 
in improving the performance of soft body armor, the following section will detail the ability of 
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ceramic ZnO interphases in proving hard body composite armors with a multifunctional structural 
performance. 
 
Figure 4.12. Comparison between untreated and fibrilized aramid fabrics after testing against spike 
impactor. A) and B) Damage to the front of aramid targets at a drop mass of 1.807 kg, respectively. 
C) and D) Damage to the back of aramid targets at a drop mass of 1.807 kg, respectively. 
 
 
Figure 4.13. Quasi-static stab testing. A) Maximum supported load by untreated and fibrilized 
aramid fabric targets against spike impactor. B) Load-displacement curves for of untreated and 




4.4. Ceramic fiber reinforced composites 
4.4.1. Surface functionalization and ZnO synthesis  
The benign growth of ZnO interphases on the surface of fibers can be typically achieved 
using a hydrothermal reaction (Figure 4.14.). Here, AS-4 carbon fibers (Hexcel) are sonicated in 
acetone and ethanol successively, and functionalized through an oxidative technique in order to 
increase the oxygen surface functional groups [344]. Nitric acid oxidation is then performed 
through first refluxing AS-4 carbon fiber tows in 100 ml of 70 % nitric acid (70%, ACS certified: 
Fisher Scientific) for 4 hours. This is followed by soxhlet extraction for 8 hours in order to wash 
the fibers with deionized water, before further ultra-sonication for 15 minutes and drying at 100 °C 
overnight. E-glass fiber tows are also cleaned through successive sonication in acetone (≥ 99.5%, 
ACS reagent: MilliporeSigma) and ethanol (≥ 99.5%, ACS reagent: Fisher Scientific) in order to 
eliminate any surface sizing or organic contaminants. The fibers are then functionalized using an 
oxidizing piranha solution treatment in order to increase the surface oxygen content and thus the 
binding between the fibers and ZnO coating. The oxidation process is performed for 10 minutes 
inside a 20 ml solution with a 3:1 volumetric mixture of sulfuric acid (95.0-98%, ACS reagent, 
Sigma Aldrich) and hydrogen peroxide acid (30%, ACS reagent, Sigma Aldrich), respectively. The 
pH of the fiber surfaces is then neutralized by washing with ammonium hydroxide (28-30% 
ACROS Organics) and water, successively. The washing process is to be repeated until a slightly 
basic PH is achieved. 
A ZnO NPs seeding solution can be prepared using a multiple steps synthesis process. First, 
a 0.02 M solution of sodium hydroxide (NaOH) (ACS certified: Fisher Scientific) in ethanol and 
a 0.0125 M solution of zinc acetate dihydrate (Zn(CH₃CO₂)₂·2H₂O) (Alfa Aesar) in ethanol are 
prepared and vigorously stirred at 60 °C and 50 °C, respectively. Once both solutions are dissolved 
completely, 32 mL of the sodium hydroxide solution is diluted in 80 mL of ethanol, while 32 mL 
of the zinc acetate solution is diluted in 256 mL of ethanol and both solutions are heated up to 
55 °C. The sodium hydroxide solution is then added dropwise to the zinc acetate solution, before 
vigorously stirring for 45 min in a sealed glass jar to yield 516 mL of seeding suspension. Finally, 
the suspension is quenched in an ice bath to interrupt the growth of the ZnO NPs. In order to grow 
ZnO NWs on the fiber’s surface, individual carbon fibers are laid across nylon frames and 
successively sonicated in acetone and ethanol for 10 minutes. Once clean, the frames are dipped 
in the seeding solution to deposit ZnO NPs on the fiber’s surface, before annealing them in a 
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convection oven for 10 minutes at 150 °C. The same process is repeated two more times, while 
allowing for a cooling down period of 5 minutes between cycles. Next, the frame is placed inside 
an aqueous growth solution of equal molar concentrations of hexamethylenetetramine (C6H12N4) 
(Alfa Aesar) and Zinc nitrate hexahydrate (Zn(NO3)2·6H2O) (Alfa Aesar) at 150 °C for 150 
minutes. After removal from the growth solution, ultrapure water and methanol washings are 
performed on the ZnO NW coated fibers, respectively, and the fibers are dried at 100 °C overnight. 
It should be noted that ZnO NP coated carbon fibers are prepared using a similar seeding process, 
while omitting the final growth process. 
 
Figure 4.14. ZnO NWs synthesis process. A) Coating of carbon or glass fiber surface with ZnO 
NPs inside seeding solution. B) Whiskerization of carbon or glass fiber surface with ZnO NWs 
inside the growth solution. 
 
4.4.2. ZnO interphase morphology 
Surface morphology of fibers following seeding and growth is characterized through SEM 
imaging (Figure 4.15). To accurately evaluate the mechanical performance of a ZnO interphase 
using pullout testing, it is important that the embedded lengths of tested fibers are sufficiently and 
uniformly coated with ZnO NPs and NWs. Figures 4.15A, B & I show a side view of the roughened 
carbon and glass fiber surface after nanoparticle deposition, respectively. The deposited 
nanoparticles form a uniform and tightly packed thin film, of which the bonding strength relies on 
the uniformity of the crystal sizes and structure. The dip-coated fibers provide functional sites for 
the suspended ZnO NPs inside the ethanol solution to self-assemble on its surface. The diameters 
of these nanoparticles are measured to vary between 10 and 15 nm and the thickness of the surface 
coating can be easily increased by increasing the number of dip-coating cycles inside the seeding 
solution. While the interfacial behavior of the ZnO NP interphase will be studied, it can also serve 
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a seed layer for the radial growth of ZnO NWs on the fiber surfaces (Figures 4.15C-G and J-L). 
As demonstrated by Lin et al. [180], the seed layer nucleates into arrays of vertically aligned 
ceramic ZnO NWs on the surface of the  fibers when placed inside a growth solution. This observed 
nanowire geometry is attributed to the  discrepancy in the growth rate between the [0001] polar 
face and the lateral faces [335]. Following growth, gentle washing of the fibers eliminates any 
ZnO crystalline prism precipitation deposited on the surface. This is a necessary step to ensure a 
defect-free and uniform fiber surface morphology, thus reducing errors and inaccuracies in IFSS 
measurements using pullout testing. As seen in Figures 4.15C-G &J-L, the dense ZnO NWs 
interphase uniformly covers carbon and glass fiber surfaces, respectively, providing a considerable 
increase in the surface area of the fibers and their capacity to mechanically interlock with the 
matrix. The interfacial reinforcing performance of the grown interphase is proven to be reliant on 
the morphology of the nanowires, which can be tuned through a number of parameters such as 
growth period, addition of inhibitors [182]. The ZnO NWs used in this study are typically grown 
to possess an aspect ratio of 10, having a diameter of ~100 nm and a length of ~1 µm. Previous 
studies reported greater improvement in IFSS of carbon fiber composites under quasi-static 
loading conditions when increasing nanowire diameter and length [182]. It should be noted that 
the neutralization of the glass fiber surface with ammonium hydroxide and water post-
functionalization is necessary for obtaining a high quality ZnO NWs interphase. Given the basic 
nature of the growth environment, an acidic fiber surface can disturb the aqueous solution’s pH 
and result in inconsistent ZnO NW growth (Figure 4.15L). Nonetheless, the absence of any visible 
defects or signs of etching indicates that the employed functionalization techniques oxidize the 
fiber surface, all while maintaining the integrity of the fiber. The benign nature of the 
functionalization and its effect on the mechanical properties of the fibers are further confirmed and 





Figure 4.15. Zinc oxide‐coated fibers. A, B) ZnO NPs coated carbon fibers. C- G) ZnO NW coated 
carbon fibers. H) Functionalized glass fiber I) Zinc NP coated glass fiber. J, K) Zinc oxide NW 
coated glass fiber. L) Poor ZnO interphase morphology when glass fiber surface neutralization 
process is omitted. 
 
4.4.3. Single fiber dynamic testing experimental setup 
When quasi-statically loaded, a well bonded and adhered fiber-matrix interface contributes 
to a reinforcement effect inside the composite, as it bridges the discontinuities found in such 
heterogeneous materials and allows for improved load transfer from the compliant matrix to the 
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tough fibers. However, a different fiber-matrix behavior is required under dynamic loading 
conditions. At high loading rates, the composite interface is typically designed with weak adhesion 
such that the tough fibers separate from the matrix, allowing them to absorb the impact. As the 
fiber releases from the matrix, there is significant energy absorption due to the friction between 
both components. Such different fiber-matrix properties can be simultaneously satisfied by the 
grafting of a ZnO interphase on the surface of carbon and glass fibers. To prove this, the IFSS of 
ZnO coated fibers/epoxy matrix systems is quantified using SFP at low, intermediate, and high 
strain rate loading conditions. The SFP at intermediate and high strain rates are performed using 
the experimental setup described first by Hwang et al. [138] The experimental procedure, 
explained in Figure 4.16A, uses a piezoelectric actuator coupled with a discharge circuit that allows 
up to 104 s-1 in strain rate and 100 µm in displacement. The resulting strain rate is dependent on 
the speed of discharge, which can be controlled by adjusting the circuit’s bias resistor (Figure 
4.16B). While the experimental setup is capable of simulating a wide range of strain rates, rates of 
470 s-1 and 2200 s-1 are used to dynamically load the fiber-matrix interface. The selected strain 
rates mimic typical intermediate and high strain rates dynamic conditions to which composites 
used in ballistic applications are usually subjected. Moreover, these strain rates are several orders 
of magnitude larger than that used for quasi-static loading of 0.0016 s-1, thus accurately replicating 
dynamic conditions relative to quasi-static IFSS testing.   
 
Figure 4.16. Dynamic SFP experimental design. A) Block diagram of the experimental setup’s 
main components. B) Voltage vs. time plot of a PZT piezoelectric actuator, showing the resistance-




The embedded lengths of the specimens are controlled to be smaller than 60 µm using an 
optical microscope, so that it satisfies the displacement limitations of the actuator. The previously 
described molds in chapter 2 ensure that the embedded lengths of specimens remain unchanged 
post-curing, immobilizing the fibers inside the molds’ slits. When choosing the embedded fiber 
length for dynamic SFP testing, it is mandatory for it to satisfy multiple distinct criteria. First, it 
should ensure that interfacial failure happens before tensile failure by accounting for the maximum 
applied pullout load. Second, the embedded fiber length should result in a catastrophic failure of 
the interface, and therefore a linear elastic stress-strain behavior throughout the pullout test. This 
is primarily important in order to avoid initiating interfacial failure through crack propagation, thus 
leading to inaccurate IFSS calculation due to effect of frictional forces [365]. As discussed later, 
this is also necessary to maintain consistency in testing procedures for both static and dynamic 
loading conditions, as the piezoelectric actuator may be unable to ensure complete fiber pullout, 
while the dynamic load cell is incapable of accurately recording frictional effects. Finally, the 
embedded length is designed to be considerably larger than the fiber diameter in order to satisfy 
the assumption of a cylindrical embedded fiber geometry and avoid cross-sectional effects. 
Therefore, choosing an embedded length that is ranging between 20 µm and 60 µm eliminates any 
considerations with regards to Poisson shrinkage effects [393]. The fiber’s free length is another 
parameter that requires proper design to ensure successful pullout across all strain rates, since the 
free length will strain, and if not accounted for, can absorb the 100 µm stack displacement. For a 
clean fiber pullout from the matrix, the fiber’s free length is required to store sufficient energy to 
ensure the embedded length’s pullout. Meanwhile, the elastic deformation of the fiber’s free length 
should also be designed to be smaller than the fiber’s embedded length, a feature that is 
proportionally dependent on the fiber’s free length [393]. The proximity of the embedded lengths 
to the actuator’s maximum displacement requires for a perfect vertical alignment when setting up 
specimens for testing (Figure 4.17A), which can be maintained using a high-speed camera (Figures 
4.17B & C) and the application of a minimal pre-load of ~ 0.0178 N to the fiber. The pre-load of 
the fiber is kept consistent across all samples, as it is controlled using the fine precision controller 
of the testing frame and monitored through a static load cell. Once discharge is initiated, The IFSS 
is calculated using the voltage-time response recorded through a piezoelectric shock load cell. 
Unlike the load-displacement curves generated under quasi-static loading (Figure 4.17D), here, 
the pullout process results in an instantaneous voltage signal inside the piezoelectric dynamic load 
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cell whose period is dependent on the applied strain rate (Figure 4.17E). Any trailing oscillations 
caused by post-pullout vibrations of the grip are transient and can be isolated from the detected 
pullout load signal that precedes it. Using such load measurement technique, frictional effects 
during pullout are difficult to accurately capture, further justifying the adopted design approach 
for SFP specimens. The discharge time is inversely proportional to the applied strain rate and is 
represented through the duration of the response. Finally, the piezoelectric actuator’s displacement 
is kept at 90 µm for all tested specimens. 
 
Figure 4.17. Dynamic SFP testing. A) experimental setup for intermediate and high strain rate 
single fiber pullout testing. B, C) High speed camera image of the initial fiber position and 
vertically aligned and re‐strained carbon fiber ready for testing. D) Load-extension response of 
SFP specimen at quasi-static loading rate. E) Voltage-time response of SFP specimen at dynamic 
loading rate. 
 
4.4.4. Dynamic SFP and tensile testing 
Irrespective of the applied loading rate, the IFSS of functionalized carbon fibers shows no 
significant statistical change, remaining relatively constant at approximately 53 MPa (Figure 
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4.18A).  Similarly, the IFSS of functionalized glass fibers is also found to be unchanged across 
strain rates, at approximately 61 MPa (Figure 4.18B). The loading rate independency of IFSS in 
conventional fiber-matrix interfaces is expected in the case of ceramic fibers. The quality of a 
conventional fiber-matrix interface is dictated by two rate independent parameters: the chemical 
interaction and mechanical interlocking between both components. Given that the reinforcement 
mechanism due to functionalization is strictly chemical, average IFSS is expected to remain 
relatively unchanged with increasing strain rate. Moreover, by designing pullout testing for 
catastrophic interfacial failure, frictional and additional shearing effects between the fiber and the 
matrix are eliminated. Nonetheless, improvement in surface chemistry due to functionalization can 
increase interfacial properties of fibers at a given strain rate.  At a pullout rate of 0.0016 s-1, the 
IFSS of piranha solution functionalized glass fibers is found to increase by 14.8 %, in comparison 
to that of untreated glass fibers. Given that surface morphology remains relatively smooth post-
functionalization (Figure 4.15H), the observed increase in IFSS can be attributed to the enrichment 
of the glass fiber surface with oxygen functional groups, leading to improved chemical interaction 
between the fiber surface and the epoxy matrix. Similar behavior is obtained at intermediate and 
high strain rates of 470 s-1 and 2200 s-1, as the average IFSS of functionalized glass fibers improved 
by 11.3% and 15.1% relative to untreated ones, respectively. Once a ZnO interphase is introduced, 
the IFFS of ZnO coated carbon and glass fibers is found to become dependent on loading 
conditions. At a quasi-static loading rate of 0.0016 s-1, a maximum IFSS of 85.6 MPa is observed 
for ZnO NW coated carbon fibers, showing approximately a 75.7% increase when compared to an 
IFSS of 48.7 MPa for the untreated fibers. However, as loading rate is increased to 470 s-1 and 
2200 s-1, the IFSS of ZnO NW coated carbon fibers is decreased to 32 and 23 MPa, respectively. 
Similarly, when compared to untreated carbon fibers, ZnO NP coated carbon fibers display a 39% 
increase in IFSS when quasi-statically loaded, and a 23% and 38% decrease in IFSS when loaded 
at intermediate and high strain rates, respectively, all relative to untreated fibers at similar strain 
rates. The IFSS of ZnO carbon coated fibers thus display a decreasing trend with increasing strain 
rate, with either higher or lower IFSS than that of untreated fibers under identical loading 
conditions. Moreover, Figure 4.18A shows that a ZnO NW interphase transitions from a higher 
IFSS relative to that of a ZnO NP interphase at a quasi-static loading rate, to a lower one at 
intermediate and high strain rates, as the IFSS of ZnO NW coated fibers goes from being 19.1% 
higher IFSS than ZnO NP coated fibers at 0.0016 s-1, to 16% and 28% lower IFSS at 470 s-1 and 
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2200 s-1, respectively. In the case of glass fibers, Once the interface is mechanically reinforced 
using a ZnO interphase, IFSS sensitivity to the applied loading conditions is also observed. At 
0.0016 s-1, the ZnO NW the ZnO NP interphase display an IFSS of 106 MPa and 78 MPa, 
respectively, equivalent to 83% and 44% improvement in IFSS relative to untreated glass fibers. 
Once strain rate is increased to 470 s-1, a 34% and 25% decrease in IFSS is observed for ZnO NP 
and ZnO NW coated glass fibers, respectively, in comparison to untreated glass fibers at a similar 
strain rate. Further decrease in average IFSS by 45 % is found in the case of ZnO NW coated glass 
fibers at 2200 s-1, while ZnO NP coated fibers displayed saturation. These results highlight the 
influence of interphase geometry, especially its aspect ratio, on its performance across strain rates, 
causing nanowires and nanoparticles to exhibit different failure modes when the fiber-matrix 
interface is dynamically loaded. The observed decrease in IFSS indicates weaker fiber-matrix 
interfaces, a desirable interfacial property for dynamic loading conditions. Such results offer 
insight into the reversal of the role of a ZnO interphase inside a composite when loading rate is 
increased. At a quasi-static loading rate, the rigid ceramic nanowires penetrate into the matrix, 
providing localized reinforcement by increasing the bonding area and improving load transfer. The 
functionally graded interface bridges the typically discrete boundaries of the fiber-matrix interface, 
reducing stress concentrations and improving the IFSS of the composite. However, the observed 
decrease in IFSS of ZnO NP and NW coated fibers with increasing strain rates demonstrates the 
ability of a ZnO interphase to allow easier interfacial debonding under dynamic loading conditions. 
Therefore, the effectiveness of the functional gradient provided by the ZnO interphase is decreased 
at intermediate and high strain rates, as the fiber-matrix interface exhibits premature failure. It 
should be noted that improvements in IFSS at quasi-static loading condition are maximized by the 
piranha functionalization in the case of glass fiber composites, which improves chemical adhesion 
between the ZnO nanomaterials and the glass fiber surface (Figure 4.18C). Previous studies have 
also shown the impact of nitric acid functionalization on adhesion between ZnO and carbon fiber 
surfaces, and subsequently the IFSS of carbon fiber composites [344]. Therefore, the ZnO 
interphase is found to be capable of tailoring interfacial properties in ceramic fiber reinforced 
composites for optimal response under quasi-static and dynamic loading conditions. 
 





Figure 4.18. Interfacial shear strength of untreated and ZnO coated fibers across various strain 
rates: 0.0016, 470, and 2200 s-1. A) Carbon fiber. B) Glass fiber. C) IFSS of as-received (as-rec) 
and functionalized (func) ZnO coated glass fiber at a loading rate of 0.0016 s-1. 
 
 Given that the ballistic and structural performance of composite laminates are both 
dependent on in-plane properties, it is important to maintain the strength of the fiber post-
treatment. In addition to strength limitations due to manufacturing defects, many surface 
modification treatments further etch the fiber and weaken it, sacrificing the tensile strength of the 
fiber, and thus the in-plane composite properties at the expense of interfacial gains. In this study, 
the effect of the proposed surface functionalization and ZnO interphase on the tensile properties 
of the carbon and glass fibers is assessed using tensile testing of single filaments at low, 
intermediate, and high strain rates, as described in ASTM C1557-03. A gauge length of 5 mm is 
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chosen based on the fiber’s strain to failure and the piezoelectric stack actuator’s maximum stroke 
of 100 µm, thus ensuring tensile failure of the fiber. The same gauge length is also adopted at 
quasi-static loading for consistency when comparing fiber strength across strain rates. Figure 4.19 
shows that, at a quasi-static loading rate, a statistically invariant tensile strength is observed when 
comparing that of untreated fibers to ZnO NP coated fibers. The same behavior is also observed 
when the ZnO NP coated fibers are loaded at intermediate and high strain rates. In contrast, the 
tensile strength of ZnO NW coated fibers is found to be increased across all strain rates, relative 
to untreated ones. The tensile strength of ZnO NW coated carbon fibers is found to increase by 
10.2 %, 8.4% and 14.5% at 0.0016 s-1, 470, and 2200 s-1, respectively (Figure 4.19A). Meanwhile, 
the tensile strength of ZnO NW coated glass fibers is found to display a slight increase in strength 
by 8.91%, 9.15%, and 10.83% at 0.0016 s-1, 470 s-1 and 2200 s-1, relative to that of untreated glass 
fibers at the corresponding strain rates, respectively (Figure 4.19B). These results are in agreement 
with other studies in literature reporting an increase in single fiber tensile strength when 
whiskerized with ZnO [216,218].  In addition, the tensile strength of both untreated and ZnO 
coated fibers is found to be unchanged when compared across strain rates. Unlike polymer fibers, 
the ceramic carbon and glass fibers do not evoke a viscoelastic response that is dependent on the 
applied strain rate [394]. Furthermore, these results indicate the fact that both nitric acid and 
piranha solution functionalization are benign to carbon and glass fibers, respectively, and preserve 
their tensile strength. Drawing from these results, the employed functionalization treatments in 
this work allow for sufficient oxidization of the fiber surfaces while avoiding surface etching. 
Therefore, the tensile strength of these ceramic fibers is found to be maintained post- 
functionalization and interphase growth, preserving the in-plane properties of carbon and glass 




Figure 4.19. Tensile strength of untreated and ZnO coated fibers across various strain rates: 0.0016, 
470, and 2200 s-1. A) Carbon fiber. B) Glass fiber. 
 
4.4.5. Study of dynamic interfacial failure mechanism  
The rate dependency of IFSS in the presence of a ZnO interphase can be further explained 
by examining the polymer matrix behavior with increasing strain rate (Figure 4.20). The EPON 
862 polymer matrix used during pullout testing is expected to display a rate dependent viscoelastic 
behavior. Stiffness measurements of the EPON 862 matrix are performed using the same setup 
described for static and dynamic tensile testing. At a strain rate of 2200 s-1, a matrix elastic modulus 
of 9.2 GPa is observed, showing approximately a 187.5% increase from an elastic modulus of 3.24 
GPa at 0.0016 s-1 (Figure 4.20D). Such measurements are in agreement with other reported studies 
in literature discussing the viscoelastic behavior of polymers across strain rates [395,396]. This 
considerable increase in matrix stiffness changes the load transfer mechanism between the fiber 
and the matrix due to a ZnO interphase. Malakooti et al. experimentally studied the effect of a 
whiskerized interphase on strain distribution at the interface region [137]. He reported that the 
higher stiffness of the nanocomposite interphase leads to a reduction of shear strain and pushes it 
to the softer matrix. Based on the shear lag theory, the shear stress at the matrix would be lower 
due to its greater distance from the fiber in the presence of the nanowires [139]. In addition, the 
nanowires create a functional gradient that smoothens the transition of shear strains between the 
elastically mismatched interfacial constituents (Figure 4.20B). The following mechanism 
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eliminates local strain concentrations in the vicinity of the interfacial region and moves it away a 
considerable distance, and into the relatively tougher and more crack resistive epoxy matrix 
(Figure 4.20A). Such findings also explain how a nanostructured gradient can result in large 
interfacial shear strengths that exceed that of the matrix [397], thus avoiding matrix shear failure 
before interfacial debonding. Under such conditions, fiber pullout occurs when the ZnO 
nanowires/fiber interface fails which is dependent on the chemical interaction between the ZnO 
interphase and the fiber surface. However, as loading conditions are changed and strain rate is 
increased, the matrix surrounding the interphase stiffens, thus weakening its functional gradient 
and re-introducing interfacial shear strain concentrations. This results in an unusual and sudden 
shear loading of the ZnO interphase which would cause brittle failure (Figure 4.20C). Moreover, 
ZnO NWs and NPs are ceramic nanomaterials of wurtzite structure, that when loaded at room 
temperatures, tend to fail in a brittle manner along the (0001) cleavage plane [337–339]. With that, 
the interfacial failure mode is modified, as the ZnO interphase experiences brittle failure before 
debonding from the fiber surface, leading to disconnections in the functionally graded interface 





Figure 4.20. Failure mechanism of a ZnO interphase under varying loading rates. A) Elastic 
modulus of neat EPON 862 epoxy across various strain rates: 0.0016, 470, and 2200 s-1. B) 
Traditional fiber-matrix interface subjected to shear strain. C) Functional gradient effect of a ZnO 
interphase under static loading conditions, smoothening interfacial shear strain transition, and 
reducing stress concentrations (blue region). D) Brittle failure of the ZnO interphase under 
dynamic loading conditions due to stiffening of matrix and interphase.  
 
Further insight into the interfacial failure mechanism is obtained through examining the 
embedded portion of the fibers post-testing using SEM imaging. The embedded section of quasi-
statically loaded ZnO NW coated carbon and glass fibers are shown in Figures 4.21A-C & 4.22A-
C, displaying clean, nanowires-free surfaces. The ZnO NWs are initially strongly bonded to the 
fiber surfaces through oxygen functional groups, as well to the matrix through an embedded, stiff 
and large bonding area, providing two interfaces that are stronger than the traditional fiber-epoxy 
interface [180]. Under quasi-static loading, the ZnO NWs detach from the surface of the fibers and 
remain interlocked inside the matrix. This is due to the interaction area between the matrix-
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nanowires interface being considerably larger than that of the fiber surface-nanowire interface, 
resulting in the initiation of interfacial failure at the level of the latter. Moreover, the absence of 
any resin residue on the fiber surface indicates that the matrix does not exhibit failure in the 
presence of a ZnO interphase, even at high IFSS of ~90-100 MPa. In comparison, the surface of 
untreated embedded carbon fiber lengths is also found to be relatively smooth due to the brittle 
nature of EPON 862 (Figures 4.21D & E). However, unlike the case of ZnO NWs coated fibers, 
the surfaces of untreated fibers still display residual matrix material in a number of spots. Similar 
surface morphology is expected in the case of untreated embedded glass fiber embedded length. 
The interfacial shear testing methodology of SFP used in this work does not allow for examining 
of the ZnO NWs-epoxy interface, nor the matrix itself, yet the observed ZnO NWs-free embedded 
lengths surfaces confirm that the nanowires remain anchored inside the matrix. Under dynamic 
loading of 2200 s-1, the interfacial failure mode is changed, as debonding of the ZnO interphase is 
preceded by a brittle failure of the ZnO interphase due to the stiffening of the surrounding matrix. 
Figures 4.21F-G & 4.22D-F show bundles of broken ZnO NWs that remain attached the carbon 
and glass fiber surfaces post-pullout. However, it is difficult to assess these fractured nanowires, 
as the surrounding and embedding matrix impedes proper assessment of their lengths. These SEM 
images support the failure mechanism in Figure 4.20, as the ZnO interphase is expected to fail 
before complete debonding of the nanowires from the fibers’ surface. The resulting brittle failure 
of the ZnO interphase reduces the IFSS of the single fiber composites specimens with increasing 
loading rate up to where a ZnO interphase is weaker than a traditional carbon fiber-matrix 
interface. With that, easier debonding of the fibers from the matrix is achieved, allowing them to 
carry the load in the cases of impact or ballistic events. Finally, it should be noted that the geometry 
and aspect ratio of the ZnO interphase plays an important role during failure. The vertically aligned 
nanowires are firmly embedded inside the epoxy matrix, whereas the spherical ZnO NPs roughen 
the fiber surface. Therefore, ZnO NWs offer a higher degree of mechanical interlocking and 
superior reinforcement performance under quasi-static loading. However, when dynamically 
loaded, the embedded nanowires are highly constrained when epoxy matrix stiffens, increasing the 
possibility of brittle interphase failure, and leading to a lower IFSS through a ZnO NWs interphase 
in comparison with that of a ZnO NPs interphase. It can be then concluded that under dynamic 
loading conditions, brittle failure of the ZnO interphase, especially nanowires, allows for easier 
release of the fibers from the matrix, and an improved performance of carbon and glass fiber 
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reinforced composites in ballistics and impact applications, while maintaining its reinforcement 
role in quasi-static loading applications through the introduction of a functionally graded interface. 
 
Figure 4.21. SEM images of the carbon fiber embedded length following pullout. A-C) ZnO NWs 
coated carbon fibers at quasi‐static loading rate. D, E) Untreated carbon fibers at quasi‐static 
loading rate. F, G) ZnO NWs coated carbon fibers at 2200 s-1. 
 
 
Figure 4.22. SEM images of glass fiber embedded length following pullout. A-C) ZnO NWs coated 





4.5. Chapter summary 
In this chapter, nanostructured interphases are demonstrated to tailor an improved the 
impact response of woven fabric and fiber reinforced composites under dynamic loading 
conditions. Through a simple fibrilization method, it is demonstrated that the interyarn friction in 
woven aramid fabric can be improved by up to 500%. The enhanced yarn pullout energy is the 
result of increased mechanical interlocking between aramid yarns due to the generated fibrils. The 
enhanced fiber-fiber interactions also translate into 10% and 230% improvement in the ballistic 
limit and stab resistance of the aramid fabric. Given the preservation of the strength, light weight, 
and flexibility of the aramid fabric post‐treatment, the described rapid and low‐cost fibrilization 
method possesses great potential to be integrated into the production of high‐performance soft 
body armors. 
In addition, it is shown that ZnO interphases can be used to tailor the interfacial properties 
of fiber reinforced composites for a multifunctional performance and optimal response under both 
static and dynamic loading conditions. As expected, the ceramic interphases are shown to improve 
the IFSS of carbon and glass fiber composites under quasi-static loading conditions through a 
combination of mechanical interlocking and increased surface area. Under dynamic loading 
conditions, brittle failure of the ZnO interphases is found to decrease the IFSS of these fiber 
reinforced composites, allowing for an enhanced ballistic performance. The ZnO NP coated fibers 
displayed a maximum decrease in IFSS of 34% and 38% at intermediate and high loading strain 
rates of 470 s-1 and 2200 s-1, respectively, relative to untreated fibers at similar loading rates. 
Similarly, ZnO NW coated fibers are shown to display a maximum decrease in IFSS of 34% and 
56%, relative to untreated fibers at similar loading rates. The reduced IFSS under dynamic loading 
conditions is found to be due to the stiffening of the polymer matrix at higher strain rates, limiting 
the effectiveness of the interphase’s functional gradient, and leading to its brittle failure. This work 
is the first to report such a unique interfacial performance in composites, as it allows for the tough 
fibers to absorb the ballistic impact energy in the event of dynamic loading, while preserving their 
structural properties. Thus, ZnO interphases enable the design of multifunctional carbon and glass 
fiber reinforced composites, with optimal performance under both static and dynamic loading 
conditions, giving way towards the integration of lightweight and flexible ballistic protection into 





CHAPTER 5. Development and Optimization of Nanostructured Interlayers 
for Composite Toughening 
5.1. Chapter introduction  
While the previous two chapters have discussed the potential of nanostructured interphases 
to improve interfacial adhesion, delamination remains the “Achilles heel” of laminated composites 
[238,398]. Due to out-of-plane loading, such as compression and bending, or cyclic loading, 
interlaminar stresses form between adjacent plies within a composite, ultimately leading to the 
formation and propagation of cracks within its interlaminar region and resulting in catastrophic 
failure [239].  Typically, delamination can be characterized as either mode I (peel), mode II (shear), 
mode III (tearing) or a combination of them. With delamination being a large concern when 
designing and adopting fiber reinforced composites in structural and ballistic applications, it is 
necessary to develop viable interlaminar reinforcement techniques that toughen composites. While 
early approaches relied on modifying fabric architecture or the use of large reinforcement agents 
such as z-pins, recent efforts have aimed to use microscale interlayers to improve the fracture 
toughness of fiber reinforced composites. Yet many of these techniques sacrifice the in-plane 
properties of the composites due to either the harsh treatment conditions, or the excessive interlayer 
thickness. In this chapter, nanostructured interlayers are introduced on the surface of aramid and 
carbon fiber reinforced composites for improved interlaminar properties, while maintaining its 
tensile strength. 
In the first part of the following chapter, ANFs are deposited on the surface of carbon fabric 
using a simple and benign spray coating technique that avoids agglomeration issues, and that is 
easily scalable to industrial levels. The nanoscale and low areal density ANF interlayer is found 
able to improve chemical and mechanical interaction between the fiber and the matrix. Through 
short beam shear and Mode I testing, the ANF interlayered carbon fiber composites are found to 
exhibit higher resistance to crack initiation and propagation, as highlighted by their improved 
fractured toughness, along with maintaining their tensile properties. In the second part of this 
chapter, laser induced graphene (LIG) is used to introduce multifunctional interlayers of various 
morphologies into both aramid and carbon fiber reinforced composites in a simple and benign 
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manner. The conductive and fuzzy LIG morphologies are obtained on aramid fabric and carbon 
fiber prepregs through direct laser writing and transfer printing, respectively. The modified surface 
morphology provides great potential for improving mechanical interlocking with the matrix when 
integrated into composites. The mechanical properties of the LIG interlayered aramid and carbon 
fiber composites are investigated through a series of mechanical testing such as short beam shear, 
Mode I and Mode II fracture testing, dynamic mechanical analysis (DMA), and tensile testing. 
Both aramid and carbon fiber composites are demonstrated to exhibit a tougher response, and 
preserved elastic and viscoelastic properties.  
 
5.2. ANF interlayer in carbon fiber composites 
5.2.1. Deposition of ANF interlayer on carbon fiber surface 
        Previous work that discusses the use of ANFs in carbon fiber composites relies on energy 
intensive techniques such as electrophoretic deposition to coat the carbon fabric [134]. Moreover, 
ANF resin mixing has been shown to potentially suffer from agglomeration issues at higher weight 
fractions [136]. Therefore, here, in order to deposit an ANF interlayer onto the surface of the 
carbon fabric, a simple and rapid spray-coating process is employed (Figure 5.1A). Initially, the 
ANFs are negatively charged and stably dispersed in a mildly basic dimethyl sulfoxide 
(DMSO)/potassium hydroxide (KOH) solution. Given the high boiling point of DMSO and the 
presence of KOH, this solution is not ideal for the spray-coating process employed in this work. 
Thus, the ANFs are thoroughly washed and neutralized before re-dispersing them in a new solvent. 
For the purpose of this study, acetone is chosen since it is a polar aprotic solvent similar to DMSO, 
thus allowing for the formation of a new, uniform and stable dispersion of ANFs post-washing. 
Moreover, the low boiling point of acetone (> 50 °C) is suitable for a multi-layer spray coating 
process, as the solvent can be easily and quickly evaporated off the surface before depositing 
another layer. It should be noted that this approach deviates from what was reported in Lin et al., 
as the ANFs are not completely dried into powder and re-dispersed, hence considerably reducing 
the required ANF processing period [110]. The air pressure and distance between the spraying 
nozzle and the substrate is kept consistent throughout the spray process. Multiple layers of ANFs 
are successively deposited on one side of the carbon fabric surface, while allowing for the solvent 
to evaporate between layers. The evaporation of the solvent is achieved through the heating of the 
substrate to a temperature of 50 °C for 5 minutes, before spraying a new ANF layer. Once all layers 
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are deposited, the carbon fabric is dried under vacuum in an oven for 12 hours prior to VARTM 
fabrication. The dimensions and morphology of the ANFs in the acetone solution are found to be 
similar to those of the ANFs originally dispersed in the DMSO/KOH solution, with diameters and 
lengths ranging between 5-10 nm and 2-10 µm as measured using AFM, respectively (Figure 
5.1B). These AFM measurements also indicate that de-swelling did not occur, as the ANFs were 
never completely dried throughout the washing and re-dispersion process [110]. The amount of 
ANFs sprayed on the carbon fiber surface can be quantified using the following linear relationship: 
⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡𝐴 = 𝑓𝑁⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡⁡(5.1. ) 
Where A is the total areal density of the ANF interlayer, N is the number of ANF layers spray 
coated, and f is a fitting parameter that approximates the areal density of a single ANF layer (4.0389 
x 10-6 g/cm2/layer). Given that it is hard to measure the areal density of a single sprayed ANF layer, 
at least 15 ANF layers are used to obtain areal densities before fitting a linear relationship to obtain 
the fitting parameter (Figure 5.1C). To ensure consistency between ANF layers, each layer is 
sprayed under near-identical conditions, while also allowing proper time for the solvent to 
evaporate between successive sprays. It should be noted that the previously obtained relationship 
does not hold if parameters such as spraying air pressure or ANF solution concentration are 
modified, and a new linear relationship must be determined. Therefore, the ANF interlayer can be 
quantified through its areal density, providing a calibration tool that can be used to optimize their 





Figure 5.1. Spray-coating of ANFs onto carbon fabric A) Schematic of spray-coating process. B) 
AFM imaging of ANFs spin-coated on silicon wafer substrate. C) Areal density of carbon fabric 
for various number of spray-coated ANF layers and linear fit.        
 
5.2.2. Characterization of surface morphology and chemistry 
The various surface morphologies resulting from the ANF spray-coating process are 
investigated using SEM imaging (Figure 5.2). For optimal mechanical performance, it is necessary 
to deposit a considerable amount of ANFs in order to form a consistent and uniform polymeric 
interlayer across the carbon fiber fabric. However, excessive ANF coating can negatively affect 
the interlaminar properties of carbon fiber composites, as it impedes the infusion of the resin 
through the micro-channels of the fabric and results in defects and voids in composites. The 
primary advantage of spray-coating over other electro-chemical approaches that have been used 
to coat ANF on fabric surfaces, such as dip-coating or electrophoretic deposition [134], is that it 
provides superior control over the density and uniformity of the ANF interlayer. By ensuring an 
equal amount of ANFs are deposited across the entirety of the fabric area, the effect of the ANF 
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interlayer on the mechanical performance of the composites is both repeatable and spatially 
consistent throughout the composite. As seen in Figures 5.2C-E, only a negligible amount of ANFs 
are introduced on the fabric surface when 1 to 3 layers are sprayed, resulting in a relatively 
unchanged fabric morphology in comparison to that of untreated fabric (Figures 5.2A & B). When 
5 to 10 layers are sprayed on the surface, uniform ANF coatings are found to form across the 
carbon fiber surface. These coatings are comprised of entangled and randomly aligned ANFs 
which form networked structures of larger scale than that of the individual nanofibers (Figures 
5.3F - I). Nonetheless, the thickness of the ANF coatings remains at a nanoscale level, due to them 
being simply the outcome of the agglomeration of a few nanofibers. This relatively rough and 
coarse fabric morphology is desirable due to its ability to improve mechanical interlocking 
between the fabric and matrix. Moreover, negligible changes to the diameter of the carbon fibers 
is detected post-spray coating, therefore confirming the nanoscale nature of the thickness of the 
coating. Such observations agree with other reported research in the literature that have studied 
ANF coatings [108,282]. The nanoscale thickness of the ANF interlayer is important for the 
preservation of in-plane properties, as micrometer thick interlayers are found to degrade the tensile 
strength of carbon fiber composites despite the improvements to interlaminar properties[276]. 
Furthermore, porous ANF web-like structures are observed between adjacent fibers, thus providing 
the ANF interlayer with the ability to be firmly anchored in the infused matrix (Figure 5.2J). 
However, the porosity of these inter-fiber structures is completely lost when 11 to 18 layers are 
sprayed on the carbon fabric surface, as Figures 5.3K and L show continuous ANF films covering 
the carbon fiber surface. Such surface morphology can prove to be problematic when trying to 
fabricate carbon fiber composites using VARTM due to difficult resin infusion, leading to the 
formation of a poor and defective interlaminar region. This indicates the importance of optimizing 





 Figure 5.2. SEM imaging of carbon fabric surface post-ANFs spray coating. A) & B) Untreated. 
C) 1 ANF layer. D) 2 ANF layers. E) 3 ANF layers. F & G) 5 ANF layers. H-J) 8 ANF layers. K) 
11 ANF layers. L) 16 ANF layers. 
 
The introduced ANF interlayer results in considerable changes to the chemical structure of 
the carbon fabric. Figure 5.3A shows a typical FTIR spectrum of untreated carbon fiber fabric. The 
higher absorbance at low wavenumbers relative to higher wavenumbers arises from the fact that 
the penetration depth of the electric field in the conductive fabric during FTIR is inversely 
proportional to the wavenumber [399]. When ANFs are deposited on the surface, characteristic 
bands of ANFs such as C=O stretching (1649 cm-1), N-H deformation and C-N stretching (1545 
cm-1), C=C stretching (1516 cm-1), and Ph-N vibrations (1319 cm-1) can be clearly detected in the 
collected fabric spectra. Similar results can be confirmed using Raman spectroscopy, where the 
ANF coated fabric displays the characteristic PPTA peaks of C=C ring stretching (1183 cm-1, 1279 
cm-1, 1331 cm-1), amide I (1569 cm-1) and amide II radial vibrational mode (1647 cm-1) (Figure 
5.3B) [400]. Due to the overlapping G and D peaks of carbon fiber, the C=C ring axial mode peak 
(1569 cm-1) is difficult to detect. These polar functional groups that are introduced due the ANF 
coating have been shown to be highly compatible with epoxy functional groups, therefore 
providing greater opportunities for chemical bonding between the surface of the fabric and the 
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matrix [110]. Such improved chemical interaction is desirable due to its potential to improve the 
interlaminar performance of carbon fiber composites. It should also be noted that the thermal 
stability of ANFs is important for their integration in fiber reinforced polymeric composites. 
Previously discussed TGA analysis of the ANFs show that they maintain good thermal stability up 
to 500 °C, before thermal degradation is initiated, thus making them suitable for VARTM 
fabrication and high temperature composite applications. 
 
 Figure 5.3. Chemical characterization of ANF coated carbon fabric. A) FTIR of untreated and 
ANF coated carbon fabric. B) Raman spectra of ANFs, untreated carbon fabric, and ANF coated 
carbon fabric. 
 
5.2.3. Examination of interlaminar properties  
The interlaminar performance of ANF interlayered carbon fiber composites is first 
characterized by investigating short beam strength (SBS). It should be noted that SBS 
measurements are generally highly sensitive to specimen thickness and the testing span to 
thickness ratio [401]. Given the nanoscale size of the ANF layers, the spray-coating process does 
not considerably increase the thickness of the carbon laminates. Figure 5.4A shows a statistically 
unchanged short beam specimen thickness across all data sets, therefore allowing for direct 
comparison between the untreated samples and those containing ANF interlayers. As seen in 
Figure 5.4B, both carbon fiber composites with 1 and 3 layers of ANF coating display negligible 
improvement in SBS relative to that of the untreated ones (52.1 MPa). While such treatment would 
be ideal with regards to processing time, SEM imaging previously indicated that the resulting ANF 
coating after only 3 layers is not dense enough to strengthen the interlaminar region of the 
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composites. As more ANF layers are sprayed onto the carbon fabric surface, a greater increase in 
the SBS of carbon fiber composites is observed, reaching a maximum improvement of 69.7 MPa 
with 8 layers of ANF coating when compared to untreated ones, and resulting in a maximum 
improvement of 33.7%. Therefore, it can be concluded that the ANFs are able to increase the 
resistance of carbon fiber reinforced composites to mid-plane delamination by improving 
interlocking between the fiber and the matrix. This mechanism reduces interfacial stress 
concentrations and allows for the tougher matrix to support a larger portion of the induced shear 
stresses. Moreover, ANFs have been proven to improve the fracture toughness of epoxy, therefore 
locally reinforcing the matrix in the vicinity of the interfacial region and improving its resistance 
to cracking [110]. These results highlight the ability of the ANF interlayer to improve the 
interlaminar properties of such composites, as the ANF interlayer provides better adhesion 
between the adjacent carbon fiber plies, while also toughening the matrix. Further increasing the 
areal density of the ANF interlayer resulted in a degradation of short beam performance, as the 
spraying of 9, 11, and 16 layers of ANFs is found to reduce SBS by 2.3%, 9.26%, and 18.52%, 
relative to untreated composites, respectively. The thick and continuous ANF coating impedes the 
resin from infusing the fabric during VARTM, leading to the formation of defects and voids in the 
composite. By observing the stress-displacement curves in Figure 5.4C, it can be clearly observed 
that the specimen stiffness follows a similar trend to SBS, while mid-span deformations at failure 
are unchanged irrespective of treatment. Finally, the addition of ANF interlayers is observed to 
transition short beam failure from spontaneous delamination due to interlaminar shear at the mid-
plane, into a more constant failure behavior that is capable of withstanding residual loads. With 
ANFs being derived from aramids, which are well-known for their high fracture toughness and 
energy absorption abilities, such changes to the short beam response are expected. Nonetheless, 
the predominant failure mode remains interlaminar shear. Therefore, the following changes to the 
short beam responses further confirm the ability of ANFs to toughen the interlaminar region and 




Figure 5.4. Short beam shear testing of ANF coated carbon fiber reinforced composites. A) 
Thickness of untreated and ANF coated carbon fiber short beam specimens. B) short beam strength 
(SBS) of untreated and ANF coated carbon fiber reinforced composites. C) Corresponding stress-
mid-span displacement curves.  
 
Another approach to assess the interlaminar properties of carbon fiber composites is Mode 
I fracture toughness testing. Here, delamination is concretely manifested through the initiation and 
propagation of a crack in the interlaminar region of double cantilever beams (DCBs) through a 
combination of tensile and shear stresses (Figure 5.5A). The VARTM fabricated composite plates 
consist of 16 plies of carbon fiber fabric and a 20 um thick Teflon sheet that creates an initial 50 
mm crack between the 8th and ANF treated 9th plies. It should be noted that ANF interlayers are 
also introduced between the 7th and 8th, and 9th and 10th plies to ensure similar behavior in 
neighboring interlaminar regions during testing. As per standard, the Teflon insert used to generate 
pre-cracking is approximately 63 mm long. This corresponds to an initial delamination length of 
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50 mm, in addition to the extra length required to bond the hinges or load blocks. The resulting 4 
mm thick panels are cut into six, 140 mm long by 23 mm wide DCBs. The edges of the DBCs 
were coated with white paint to allow for easier detection and monitoring of crack initiation and 
propagation. The specimens are then loaded through 11.2 mm long piano hinges that were attached 
to both sides using high shear strength epoxy (Loctite® 9430™ Hysol). DCB loading is performed 
at a crosshead speed of 2 mm/min up until a 35 mm crack is propagated into them. The specimens 
are initially loaded until the crack is slightly advanced from the insert and stable delamination 
growth is ensured, before unloading the sample and reloading it again. This is necessary in order 
to obtain stable crack growth and avoid overestimating the initiation Mode I fracture toughness 
(GIC) by eliminating the effects of resin pocket formed at the end of the insert. These cracks are 
expected to propagate exclusively at the mid-plane of DCBs due to the help of the generated pre-





where P and δ are the load and load point displacement, respectively, a is the crack delamination 
length, b is the width of the DCB specimens, and Δ is a correction delamination length obtained 
from the linear regression analysis of the relationship between the cubic root of the compliance 
(C1/3) and a. As per ASTM D5528, the recorded load-displacement curves were used to generate 
the corresponding delamination resistance (R) curves. The R-curves in Figure 5.5B clearly show 
that, up to a certain ANF interlayer areal density, both the initiation and propagation GIC are 
improved. As expected, untreated DCBs exhibit an initial and steady increase in GIC at short crack 
lengths before starting to saturate. When 4 to 9 ANF layers are included, the GIC of the DCBs 
continue to increase as the crack propagates, transitioning saturation to a crack length greater than 
85 mm. This is the result of extensive fiber bridging induced by the reinforcing interlayer which 
provides greater resistance in the path of the propagating crack. When a greater number of layers 
are sprayed, the initiation GIC is reduced and continues to decrease as the crack propagates, 
signaling a weaker interlaminar region. Using the 5%-Max criterion, a maximum increase in 
initiation GIC of 692 J/m
2 is observed using 8 ANF layers relative to untreated DCB specimens 
(381 J/m2), resulting in an improvement of 81.6% (Figure 5.5C). This indicates that the ANF 
interlayer is able to improve inter-ply adhesion and resist the initiation of cracks in carbon fiber 
composites. The ANFs enlarge the interlaminar interaction surface area, interlocking the matrix 
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with the fabric surface, while also chemically bonding to it. Denser ANF interlayers resulted in a 
maximum decrease in initiation GIC to 410 J/m
2 when 18 layers are used, which is a 40.75 % 
decrease relative to when 8 layers are used. The excessive ANF coating restricts the resin from 
properly wetting the carbon fiber surface, weakening the interlaminar region and enabling easier 
delamination. Moreover, the decrease in GIC with increasing crack length observed in the R-curves 
indicates that the crack propagates in an undesirable weak resistance path, possibly along the 
interfacial region. In conclusion, the optimized ANF interlayer morphology toughens the 
interlaminar region of carbon fiber reinforced composites and inhibits delamination by delaying 
the initiation and propagation of cracks. 
                     
Figure 5.5. Mode I fracture toughness of ANF coated carbon fiber composites. A) Loaded DCB 
specimen. B) Delamination resistance curves for untreated and ANF coated DCB specimens. C) 
Initiation Mode I fracture toughness for untreated and ANF coated DCB specimens based on the 




The toughening of the interlaminar region due to the ANF interlayer can be further 
understood through SEM imaging of the fractured DCB surfaces (Figure 5.6.). Untreated 
specimens display the typical signs of adhesive failure expected in brittle carbon fiber reinforced 
polymer matrix composites, where clean interfacial debonding uncovers the carbon fiber surface 
and leaves minimal traces of matrix material (Figures 5.6A-D). This is the result of the crack 
traveling along the weak fiber-matrix interfacial region which provides minimal resistance. The 
broken fibers on the DCBs surface are the result of fiber bridging as delamination ensues. Once 
ANFs are introduced, the DCB surface is uniformly covered with patterned matrix material, 
indicative of a more cohesive failure mode (Figures 5.6E & F). Under such conditions, the crack 
is forced away from the weak fiber-matrix interface and into the tougher matrix, thus absorbing 
higher fracture energy during the process. Furthermore, ANF residues can be clearly seen on the 
surface of both sides of the DCBs, despite being only introduced on one of them (Figures 5.6G & 
H). This shows that the ANF interlayer induces a nano-bridging effect that provides greater 
resistance against the propagating crack, relative to untreated carbon DCBs. These energy 
absorption mechanisms help deflect and lengthen the crack path and transition it away from the 
boundaries of the interlaminar region. It should be noted that similar fracture surfaces are also 
observed in carbon fiber composites fabricated using fabric coated with 13 ANF layers, despite 
exhibiting a weaker interlaminar performance in comparison to 8 layers (Figures 5.6I-L). 
Therefore, the ANF interlayer produces a more cohesive interlaminar failure mode, along with 





Figure 5.6. SEM micrographs of the fracture surface of untreated and ANF coated DCB specimens. 
A - D) untreated. E – H) 8 ANF layers. I – L) 13 ANF layers. 
 
5.2.4. Tensile properties and other aramid-based interleaving techniques 
Finally, to ensure that the introduction of an ANF interlayer does not reduce the in-plane 
properties of carbon fiber composites, five specimens of each data set are subjected to tensile 
testing per ASTM standard D3039. As clearly seen in Figure 5.7., the tensile properties of carbon 
fiber reinforced composites are statistically unchanged when 5, 8, and 9 ANFs layers are sprayed. 
Nonetheless, when 13 layers are used, the tensile strength and elastic modulus are found to be 
decreased by 5.5% and 6.43% relative to untreated carbon fiber composites, respectively. This can 
be attributed to the high areal density of the ANF interlayer, and the resulting poor resin infiltration. 
Given that the optimal interlaminar performance of the ANF interlayer coincides with the 
preservation of tensile properties, the spray-coating technique discussed in this study can be used 
to toughen carbon fiber composites, while maintaining in-plane strength. 
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Figure 5.7. Tensile properties of ANF coated carbon fiber reinforced composites. A) Tensile 
strength. B) Elastic modulus. 
 
To understand the advantages of the proposed ANF interlayer over other previously 
reported aramid-based approaches, it is necessary to compare their performance and 
characteristics. Many studies have focused on using aramid materials to improve the out-of-plane 
properties of carbon fiber composites due to their exceptional toughness and energy absorption 
properties. Early work suggested the manual spread of chopped aramid fibers across the surface 
of carbon fabric to act as an interlaminar reinforcement layer [402]. The 30-100 µm thick 
interlayers consisted of 5-15 mm long chopped, macroscale aramid fibers, and possessed areal 
densities that ranged between 17 and 27 g/m2. The observed improvement in GIIC of the composites 
was attributed to the ability of the chopped aramid fibers to improve fiber bridging mechanisms. 
However, such thick interlayers reduce the fiber volume fraction within the composite, thus 
decreasing its in-plane strength [403]. Moreover, the manual approach used to introduce these 
chopped fibers gives little control over the uniformity of the interlayer thickness. Yasaee et al. were 
also able to considerably improve the Mode II fracture toughness (GIIC) of carbon fiber composites 
through 90-270 µm thick chopped aramid fiber intrleaves, an at an areal density of 67 g/m2 [404]. 
However, despite their ability to improve fracture toughness and impact response, these thick and 
dense interlayers are unlikely to be adopted in large scale composite industries due to their effect 
on the tensile strength of the composites [403]. In an effort to scale down the size of these 
interlayer, recent studies focused on the use of aramid pulp (AP) in order to improve the flexural 
propereties of fiber reinforced composites [405,406]. Using an in-house prepreg fabrication 
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process, AP interlayers of less than 20 µm in thickness and 10 g/m2 in areal density can be 
achieved. While up to 30% and 100% increase in the longitidunal and transverse flexural loads of 
carbon fiber composites are obtained using such intrlayers, its effect on the tensile strength of the 
composites remains undetermined. Moreover, this technique relies on mixing the AP in the resin 
prior to prepreg fabrication. As shown by Lin et al., APs tend to poorly disperse in epoxy resin due 
to their tendency to entangle and their poor chemical interaction with the matrix [110]. This limits 
their ability to mechanically reinforce the matrix and induces a more brittle behavior, resulting in 
the epoxy polymer failing at lower strains. In contrast, ANFs are found to be considerably easier 
to disperse in epoxy resin due to their more reactive surfaces. Moreover, unlike APs, ANF 
reinforced epoxy exhibits a simoultaneous improvement in both strength and toughness, a usually 
difficult feature to realize in polymer nanocomposites. The spray-coating technique used here to 
fabricate low areal density, ultra-thin ANF interlayers is capable of considerably toughnening 
carbon fiber composites.The thickness of these ANF interlayers is within the range of the ANFs 
diameters, thus of a nanoscale nature. Yang et al. previously reported that the thickness of 
individual ANFs layers fabricated through dip-coating are approximately 1.6 nm [108]. 
Furthermore, the areal density of these spray-coated interlayers does not exceed 1 g/m2. Such 
features give ANF interlayers distinct advantages over chopped aramid fibers and AP, especially 
with regards to maintaining in-plane strength of the carbon fiber composites. Finally, while ANFs 
might not possess the ideal length for fiber bridging mechanisms [404], their ability to create web-
like networked structures of much larger scale than individual nanofibers across the carbon allows 
the interlayer to introduce a toughening mechanism within the interlaminar region of composites. 
Therefore, the ANF interlayer is capable of providing interlaminar reinforcement in carbon fiber 
composites comparable to that of chopped aramid fibers and AP, yet at significantly lower 
interlayer thickness and areal density, and using a technique that is easily scalable to industrial 
level composite fabrication processes. Nonetheless, other alternatives can potentially provide a 
similar toughening effect in fiber reinforced composites, while introducing additional 
multifunctionality that ANFs lack. In the following section, the introduction of a piezoresistive 




5.3. LIG interlayer in aramid and carbon fiber reinforced composites 
5.3.1. Synthesis and transfer of LIG interlayer 
As discussed in chapter 2, LIG can be introduced on aramid surfaces using a direct laser 
writing process. Kevlar® KM2+ unidirectional tape (style 790 scoured, CS-800) is cleaned 
through soaking in boiling acetone and ethanol before rinsing with deionized water and drying at 
100 °C overnight under vacuum. The carbonization of the aramid fabric can be achieved through 
a 40 W CO2 laser of a universal laser system (Epilog Zing 16) operating in raster Mode (Figure 
5.8A). Using the built-in software, the output power of the laser is varied between 8% and 20% in 
order to generate various surface morphologies, while the impulse per unit area and the laser raster 
speed is kept constant at 400 dots per inches (DPI) and 1 cm2.s−1, respectively. Two LIG 
configurations are adopted, the first with LIG only on one side of the fabric, and a second where 
LIG is formed on both sides of the fabric, thus eliminating any interlaminar aramid region when 
infused with a resin matrix. 
Given that such a technique is not suitable for carbon fabric, a transfer printing technique 
is employed to introduce LIG onto the surface carbon fiber prepregs (Figure 5.8B). First, vertically 
aligned arrays of laser induced graphene are generated on polyimide (Kapton) substrates using the 
same laser system. The LIG morphology is varied by controlling the pulsing density of the 
induction process between 100 and 400 dots per inches (DPI), while keeping raster powering and 
speed constant at 16% and 1 cm2·s−1, respectively. The LIG forests are then mechanically 
transferred onto unidirectional carbon fiber prepregs (HexTow® IM7/HexPly® 8552) through the 
process described in Figure 5.8B. The carbon fiber prepreg is rolled across an 80 °C pre-heated 
polyimide surface while applying manual pressure, thus bonding the LIG to the prepreg and 
subsequently transferring the LIG to the prepreg after peeling the polyimide and prepreg apart.  It 
should be noted that the LIG transfer process is unsuccessful if performed on an unheated substrate, 
as the heat-induced reduction in resin viscosity is necessary for adequate adhesion between the 






Figure 5.8. LIG on aramid and carbon surfaces. A) Schematic of graphene laser induction process 
on aramid fabric. B) Schematic of LIG transfer from polyimide substrate to carbon fiber prepreg 
ply. 
 
The modified aramid surface morphology due to the laser induction process is investigated 
using SEM imaging (Figure 5.9.). Figures 5.9A & B show the original aramid fabric surface 
consisting of smooth aramid fibers. Unlike carbon fibers, aramid fibers lack the striations and 
surface roughness that can help induce mechanical interlocking between the fiber and the matrix 
resin, which combined with their inert chemical structure, result in weak fiber-matrix interfaces. 
By subjecting the aramid substrate to laser induction, the surface morphology is considerably 
modified while being dependent on the output power of the process. Unlike the initially reported 
LIG fabrication method on polyimide films, the replication of this process on aramid substrates is 
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achieved at considerably lower fluences than the reported critical value of 5.5 J.cm2 on polyimide 
substrates[304]. As previously discussed, the conversion of high temperature polymers, such as 
Kevlar, into amorphous carbon is possible at lower fluences through the defocusing of the laser’s 
focal length, thus protecting the fiber from ablation and thermal damage, which would otherwise 
diminish its performance [308]. An impulse density of 400 DPI is chosen in order to generate 
forests of individual and distinct LIG micro-fibers instead of continuous micro-sheets[304]. As 
shown in Figures 5.9C and D, at low output powers of 8% and 10%, the graphene induction process 
can be initiated but does not result in hierarchical surface morphology. At such low fluences, the 
induction process is limited to the top surface of the aramid fabric, limiting the formation of 3D 
micro-structures that are potentially capable of reinforcing the interlaminar region. Moreover, 
given the woven surface of aramid fabric, the resulting morphology is non-uniform as the amount 
of fluence varies at different locations on the substrate. Interestingly, at 12% output power, the 
aramid fibers are found to be coated with a uniform sizing (Figure 5.9E), as 3D structures appear 
in the form of stiff, striated grooves and ridges (Figures 5.9E & F). These morphological changes 
considerably increase the aramid fiber surface roughness and allow for a greater degree of 
interlocking between the fiber and matrix. In addition, the wettability of the fabric is also increased 
due to the fact that the aramid fabric is further embedded inside the matrix, thus significantly 
strengthening the interlaminar region. As the output power is increased to 16%, LIG forests begin 
to sporadically appear across the aramid substrate without any microstructure uniformity (Figures 
5.9H and I). Further increasing the output power to 20% results in a 3D LIG forest that uniformly 
coats the aramid fiber (Figures 5.9J and K). The generated LIG micro-fibers possess aspect ratios 
ranging between 20 and 40, with lengths between 200 and 400 µm, and diameters between 10 and 
15 µm. These LIG forests give the aramid fabric a surface morphology that is able to be firmly 
embedded and interlocked in the matrix, while also increasing interfacial interaction surface area, 
thus reinforcing the interlaminar region using a microstructure of great mechanical properties. 
Moreover, the porous nature of these micro-fibers, as seen in Figure 5.9L, allows for facile resin 
wetting and infusion, eliminating the possibility of wicking and preserving the reinforcing capacity 
of the LIG. It can thus be seen that the laser induction process on aramid substrates can result in 





 Figure 5.9. Surface morphology of LIG on aramid fabric surface at various power outputs. A, B) 
0%. C) 8%. D) 10%. E-G) 12%. H, I) 16%. J-L) 20%. 
 
The LIG morphology on carbon fiber prepreg is also investigated through SEM imaging. 
As previously mentioned, the LIG forests are mechanically transferred onto the tacky carbon fiber 
prepreg through pressure, resulting in uniform coating which is crucial for the performance of the 
reinforced composites (Figure 5.10A). The morphology and spatial density of the LIG fibers can 
be readily controlled through the pulsing density of the induction process. The laser is rastered 
across the polyimide substrate at 400 DPI which results in pillars with sharp, pin like ends (Figure 
5.10B), while performing the laser induction at 200 DPI generates pillars with blunter ends (Figure 
5.10C). It should be noted that increasing the pulsing density results in a continuous micro-sheet 
structure that is difficult to adequately transfer [304], whereas decreasing the pulsing density will 
result in low-aspect ratio LIG micro-fibers bundled into micro-hemispheres with minimal vertical 
alignment (Figure 5.8B). The 40W CO2 laser system used here is equipped with a 50.8 mm inch 
focal length lens that yields a laser beam spot size ranging between 101.6 µm and 152.4 µm when 
focused. The pillars generated at 400 DPI range between 180-260 µm in length and 8-15 µm in 
width. Each individual pillar is a porous bundle of intertwined and networked LIG fibers of less 
than 1 µm in diameter. As the pulsing density is decreased to 200 DPI, the overlap between 
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successive laser pulses is decreased, resulting in blunter and wider pillars. Moreover, the decrease 
in pulsing density is accompanied with a decrease in fluence, resulting in shorter LIG pillars. The 
porous LIG forests generated at 200 DPI are found to range between 120-180 µm in length, and 
40-85 µm in width. At 100 DPI, the resulting LIG consists of porous LIG micro-hemispheres, each 
representing an individual laser pulse.  As expected, the width of these micro-hemisphere is similar 
to the laser spot size, varying between 105 µm and 150 µm in width, while being only 25-40 µm 
high. Therefore, the generated LIG forests are wider and shorter with decreasing pulsing density. 
Therefore, the decrease in pulsing density is expected to also result in a decrease in fluence 
intensity during LIG generation, yielding wider, yet shorter LIG pillars. Each of the displayed LIG 
morphologies can potentially provide a unique interlaminar reinforcing performance, as their 
distinct arrangement and interaction area are expected to behave differently when sandwiched 
between two carbon fiber plies. The complete detachment of the LIG off the substrate during the 
transfer process is confirmed in Fig. 5.9D, where no residues of LIG fibers are observed on the 
substrate and the next polyimide layer is clearly uncovered, illustrating the uniformity and 
consistency of the transfer printing method. Despite the fact that the proposed direct transfer 
printing technique avoids typical agglomeration problems observed in other studies that use CNTs, 
it is necessary that the LIG preserves its spatial density and vertical alignment in order to eliminate 
the introduction of discontinuities and defects to the interlaminar region of the composite. As seen 
in Figures 5.10E-G, the LIG forests maintain their original pattern, density, and vertical alignment 
during the transfer process. This shows that the LIG forests can survive the performed mechanical 
transfer under a uniform-pressure process. This process is aided by the heating of the substrate 
which increases prepreg tackiness and improves adhesion between the prepreg and the LIG. This 
allows for easier LIG detachment off the substrate and stronger bonding to the carbon fiber plies.  
The ability of the LIG to maintain its vertical alignment on individually cured carbon fiber plies 
following transfer can also be confirmed through SEM imaging. As observed in Figures 5.10H & 
I, the 400 DPI LIG fiber bundles are completely wetted and embedded inside the cured epoxy 
matrix while substantially maintaining their vertical alignment. Similarly, the 200 DPI bundles are 
also found to be completely embedded within the matrix, considerably roughening the prepreg 
surface (Figure 5.10J). The conservation of the LIG array’s alignment is partially due their porous 
nature, which allows for the pre-impregnated resin to easily wet and impregnate the transferred 
microstructure while minimizing the possibility of wicking and LIG misalignment. Nonetheless, 
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the LIG interlayer is expected to be considerably thinner inside carbon fiber composites due to the 
applied pressure of 100 psi during the VARTM fabrication process. Given its fuzzy nature, the LIG 
interlayer is not at risk of being damaged or fractured during such process, yet alignment within 
the interlaminar region can be potentially reduced. Once embedded in the composite, the LIG 
interlayer provides a considerable increase to the interaction area between adjacent plies, while 
also improving mechanical interlocking within the interlaminar region. Moreover, various 
graphene derived nanomaterials have been shown to improve both in- and out-of-plane properties 
of epoxy-based nanocomposites by increasing their tensile strength, fracture toughness and 
flexural modulus [407–410]. Such enhancement of the mechanical properties of the matrix is 
highly desirable, as the interlaminar behavior of carbon fiber composites is heavily dependent on 




    
Figure 5.10. Transfer printed LIG on carbon fiber prepregs. A) Transfer of patterned LIG forest 
from substrate to LIG while maintaining alignment. B) LIG forests generated at 400 DPI on a 
polyimide substrate. C) LIG generated at 200 DPI on a polyimide substrate. D) Polyimide substrate 
surface post-transfer of the LIG. E-G) LIG forests maintaining a large degree of their alignment 
post-transfer to the carbon fiber prepreg. H, I) Cured 400 DPI LIG coated single carbon fabric 




5.3.2. Examination of interlaminar properties 
The merit of introducing LIG onto aramid and carbon fiber composites can be assessed 
using various forms of mechanical testing. First, the effect of LIG on the interlaminar shear 
response of these composites is to be quantified using short beam shear testing according to ASTM 
D2344. Along with matrix toughness, interlaminar adhesion is a critical factor in short beam failure 
modes, therefore allowing for such testing approach to reveal any interlaminar reinforcement gains 
due to the LIG. The aramid short beam specimens are fabricated in two distinct configurations, 
both shown in Figure 5.11A. In the one-sided configuration, the LIG is generated solely on one 
side of the aramid fabric, resulting in inter-ply regions of thickness t with LIG-aramid interfaces. 
Using the double-sided configuration (D), an intermediate LIG-LIG interface is added inside the 
interlaminar region, due to the LIG coating on both sides of the aramid fabric. In this case, three 
interfacial regions are created, with two of them being LIG-aramid interfacial regions, and the 
third region containing the graphitic interface at the intersection of both LIG layers.  As for carbon 
fiber composites, the resin rich interlaminar region in this study is interleaved with LIG fibers 
forests generated at 200 DPI, acting as a thin interlayer that mechanically joins the adjacent plies 
of the carbon fiber composites. Given that LIG can be only transferred on one side of a prepreg 
due to the backing on its other side, only the one-sided configuration is adopted. The interlaminar 
behavior of the fabricated composites is expected to be dependent on the modified chemical 
interactions and mechanical interlocking between the fabric and the matrix due to the introduced 
LIG. The presence of the LIG inside aramid composites is confirmed using an optical microscope 
(Figures 5.11C & E), which shows uniform and continuous LIG coated interlaminar regions. This 
is further characterized using SEM imaging, which shows thin interlaminar regions of less than 15 
µm for aramid composites reinforced with LIG in the double-sided configuration (Figures 5.11D 
& F). The thin nature of the interlayer reinforcement is important to preserve the desired composite 
properties by reducing the number of polymer-rich regions that are devoid from any in-plane 
reinforcement. Such images are difficult to capture in carbon fiber composites given the lack of 
color contrast or conductivity between the LIG and the carbon fiber material. It should be noted 
that along with its potential mechanical advantages, LIG has been shown to possess excellent 
electrical properties, particularly piezoresistivity, allowing for the introduction of conductive 
pathways into traditionally insulating aramid fiber reinforced composites. The resistivity across 
the top of the LIG coated short beam specimens at 12% induction power and in the one-sided 
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configuration is found to range between and 0.291 Ω m and 0.449 Ω m, while that of the double-
sided configuration varies between 0.162 Ω m and 0.291 Ω m. Once induction power is increased 
to 20%, the resistivity of the specimens considerably drops to range between and 0.0331 Ω m and 
0.0645 Ω m for the one-sided configuration, and between 0.0155 Ω m and 0.031 Ω m for the 
double sided one. Moreover, the double-sided configuration is also found to be conductive through 
the thickness of the sample. As for the originally carbon fiber composites, the introduced LIG is 
found to yield a slight increase in conductivity. These findings unlock great potential for the 
embedding of numerous unprecedented functions into aramid composites such as strain sensing, 
damage detection, and joule heating. The introduced multifunctionality will potentially help reduce 
the weight and complexity of aramid fiber reinforced composites by eliminating the need for 
certain external sensors and actuators. 
 
Figure 5.11. LIG interlayered aramid and carbon composites configurations. A) Short beam aramid 
fiber reinforced composite specimens in both the one-sided and double-sided configuration. Each 
LIG layer is of thickness t. B) Short beam carbon fiber reinforced composite specimens in the one-
sided configuration. C) Optical microscope image of the cross-section of untreated aramid fiber 
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reinforced composites. D) Corresponding SEM images. E) Optical microscope image of the cross-
section of LIG coated aramid fiber reinforced composites. F) Corresponding SEM images. 
 
As seen in Figure 5.12A & B, the SBS of LIG coated aramid fiber reinforced composites 
is found to be increased independent of induction power and LIG configuration (one-sided or 
double-sided), relative to that of untreated aramid composites. A maximum improvement of 70% 
in SBS is observed at an induction power of 12% in the one-sided configuration relative to the 
untreated fabric, whereas LIG induced at 20% in the same configuration results in only 55% 
improvement. This indicates that the morphology of the grooves and ridges at 12% leads to a 
slightly higher degree of interlaminar reinforcement than the LIG micro-fibers at 20%. This can 
be attributed to the stiffer nature of the former in comparison to the fuzzy structure of the latter. 
Nonetheless, both sets of LIG microstructures enhance the resistance of the composites to shear 
stress and allow for a higher ability to withstand induced deformation. The observed improvement 
is derived from an enhanced adhesion between the fiber and the resin, as the LIG becomes 
anchored inside the epoxy matrix. The addition of the LIG creates hierarchical composites where 
interlaminar discontinuities are bridged, thus allowing for improved load transfer between the fiber 
and matrix, therefore limiting interlaminar failure. Moreover, graphene has been shown to improve 
mechanical properties, such as fracture toughness and flexural modulus, of epoxy polymer 
matrices when in the form of nanocomposites [407–410]. By toughening the matrix, the LIG 
further reinforces the interlaminar region and increases the shear strength of aramid composites. 
Although the double-sided configuration at both induction powers results in up to 53% increase in 
SBS relative to untreated aramid composites, its performance is found to be 11.3% and 8.8% 
inferior to that of the one-sided configuration at 12% and 20%, respectively. This slight decrease 
in reinforcement capability can be explained by the possible weak interlocking at the LIG-LIG 
interface, causing a slightly more discontinuous and defective interlaminar region relative to that 
obtained in the one-sided configuration. As for the SBS of the LIG coated carbon fiber composites, 
it is found to be statistically unchanged relative to the untreated short beam specimens, indicating 
that 400 and 200 DPI LIG interlayers did not strengthen nor weaken the interlaminar region under 
such loading conditions (Figure 5.12C). Nonetheless, when examining the stress response of both 
data sets, considerable differences can be observed (Figure 5.12D). Notably, before reaching peak 
stress, the introduced LIG interlayer does not cause significant changes to the stress-extension 
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response, as both short beam strength and stiffness are maintained. The measured high short beam 
strength and stiffness are characteristics of unidirectional carbon fiber prepreg composites. Yet 
these advantages are usually coupled with a brittle response, which is manifested through a sharp 
drop in the stress at low mid-span extensions, highlighting the low toughness of carbon fiber 
composites. The mutual exclusivity of strength and toughness is problematic in carbon fiber 
composites, especially when used in structural applications. Typically, the inability to absorb 
interlaminar shear stress results in the susceptibility of these composites to catastrophic failure in 
the form of delamination or matrix fracture. However, as can be seen in Figure 5.12D, the LIG 
interlaminar reinforcement allows for the specimens to smoothly transition from the peak short 
beam stress down to a residual stress that is greater than 100 MPa, while also supporting up to 
175% larger mid-span deformations, relative to that of untreated specimens. These changes to the 
stress-displacement response render short beam testing unsuitable for comparing the shear 
resistance of untreated and LIG coated carbon fiber composites [401]. However, the LIG interlayer 
clearly increases the ductility and resistance to failure of these carbon composites, therefore 
improving their ability to absorb out-of-plane loads and resist cracks and delamination. While the 
fracture energy of carbon fiber composites in various loading modes will be assessed in later 
sections, the LIG interlayer results in up to 300% increase in the short beam energy, relative to that 
of untreated ones (Figure 5.12E). Although short beam energy is non-indicative of any specific 
mechanical properties and is hard to interpret, this observation points to the ability of the LIG 
interlayer to reduce stress concentrations within the interlaminar region and improve load transfer 
between adjacent plies, thus delaying catastrophic interlaminar shear failure under such loading 
conditions. It should be noted that the interlayer morphology at 100 DPI is not suitable for 
maintaining the interlaminar properties of carbon fiber composites as it considerably weakens 
short beam strength, despite an increase in toughness. Therefore, only 200 and 400 DPI LIG 
interlayers can hybridize the response of carbon fiber reinforced composites to introduce high 




Figure 5.12. Short beam shear testing of LIG coated specimens. A) SBS of LIG coated aramid 
fiber reinforced composites at various induction power and configurations. B) Corresponding 
stress-extension curves of loaded short beam specimens. C) SBS of untreated and LIG coated 
carbon fiber reinforced composites. D) Corresponding stress-mid-span extension curves. E) short 
beam energy calculated from the SBS-extension curves. 
 
 In practice, composites are often subjected to more complex loading conditions which 
combine various forms of stresses such as axial, compressive, and shear. Therefore, a 
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reinforcement of the interlaminar region of fiber reinforced composites is expected to be reflected 
through an improvement of its mechanical response to combinations of these stresses. A critical 
property of fiber reinforced composites is their ability to delay damage initiation and propagation 
under structural loading. It is therefore desired from the introduction of an interlaminar interlayer 
to improve the resistance of composite structures to delamination.  Mode I DCB testing is the most 
used technique to simulate these complex loading conditions and quantify the resistance of fiber 
reinforced composites to delamination (Figure 5.13.). By initiating delamination in the DCB 
specimens using a Teflon insert, a mid-plane crack propagates purely in the interlaminar region of 
the DCBs, and Mode I fracture toughness can be measured. Following ASTM D5528, the crack is 
propagated from the mid-plane of the composite for a total crack length of 35 mm from the end of 
the Teflon insert, while recording both load and load point displacement. GIC is then calculated 
according to the modified beam theory discuss in section 5.2 of this chapter. 
 
Figure 5.13. Mode I fracture toughness (GIC) testing experimental setup. A)  Schematic of double 
cantilever beam (DCB) specimen for GIC measurement. B) LIG coated aramid DCB during Mode 
I loading. C) LIG coated carbon DCB during loading and unloading. 
 
 As seen in Figure 5.14A, a maximum increase in GIC of 540 J/m
2 is observed in aramid 
DCBs coated with LIG generated at 20% induction power and in the one-sided configuration, 
resulting in a 20% improvement when compared to untreated aramid composites (462 J/m2). The 
statistical significance of the improvement is further confirmed using one-way ANOVA analysis 
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at a p-value of <0.01. The increase in fracture toughness of LIG coated aramid composites is the 
result of the enhanced interlaminar bonding between the aramid surface and the matrix. However, 
unlike short beam testing, the LIG induced micro-fiber morphology generated at 20% output 
power shows better Mode I fracture resistance than LIG induced at 12%. This is attributed to the 
3D structure of the LIG micro-fibers, which effectively bridges between adjacent plies during 
crack propagation, potentially acting as “nanostitches” [275,411–413]. Other carbon-based 
nanostructures of similar morphology, such as CNTs, have been shown to suppress delamination 
in fiber reinforced composites using comparable mechanisms. Furthermore, the double-sided 
configuration is observed to results in weaker fracture toughness relative to the one-sided 
configuration at a similar induction power. This observation confirms that the LIG-LIG interface 
presented in the double-sided configuration reduces the effectiveness of the reinforcement due to 
weakened mechanical interlocking and the formation of agglomerations inside the matrix. As for 
LIG coated carbon DCBs, a tougher interlaminar behavior is also observed. When inspecting the 
obtained resistance (R) curves, considerable improvements in both the initiation and propagation 
GIC of LIG coated DCBs can be seen, relative to that of untreated ones. The R-curves of all data 
sets display similar trends of increased initiation GIC, before exhibiting a plateau that signals a 
steady crack propagation within the interlaminar region (Figure 5.14B). It should be noted that the 
absence of a saturation region in the R-curve of the 200 DPI LIG coated DCBs indicates that steady 
state crack propagation is not reached within the studied crack length range, but is expected to be 
eventually attained at crack lengths greater than 85 mm. This delay in reaching steady state is 
possibly the result of extensive fiber bridging induced by the toughening of the interlaminar region 
using such a LIG interlayer morphology. Based on the 5%-Max criterion, a maximum increase in 
initiation GIC of 425 J/m
2 is observed when using a LIG generated at 200 DPI when compared to 
untreated DCB specimens (292 J/m2), resulting in an improvement of 41% (Figure 5.14C). The 
LIG interlayer is thus capable of toughening the interlaminar region of the DCBs by providing out-
of-plane reinforcement, increasing the resistance to crack initiation, and hindering its propagation 
within the interlaminar region. The role of the LIG morphology is illustrated by the dependence of 
interlaminar strength on raster pulsing density. The maximum improvement achieved using a 200 
DPI LIG can be attributed to the larger interlayer surface area created using such morphology, as 
the blunt LIG bundles (Figure 5.10C) provide a larger interaction zone between the interlayer and 
the subsequent plies, relative to the sharp bundles generated at 400 DPI (Figure 5.10B). Moreover, 
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the shorter LIG at 200 DPI can provide better interaction with the matrix within the interlaminar 
region, avoiding significant agglomeration and reducing the potential of defect site formation. 
Further decreasing the pulsing density down to 100 DPI causes a 20% decrease in GIC, therefore 
considerably weakening the interlaminar region. The low aspect ratio and excessive bundle 
spacing of this LIG morphology results in a defective LIG interlayer that promotes crack initiation 
and propagation. Therefore, the introduction of an optimized LIG interlayer morphology into 
aramid and carbon fiber reinforced composites toughens the interlaminar region and suppresses 
delamination by delaying the initiation and propagation of cracks. 
 
Figure 5.14. Mode I fracture toughness of aramid and carbon fiber reinforced composites. A) 
Initiation GIC for untreated and LIG coated aramid DCB specimens based on the 5%-Max criterion.  
B) Delamination resistance curves for untreated and LIG coated DCB specimens. C) Initiation GIC 
for untreated and LIG coated carbon DCB specimens based on the 5%-Max criterion. 
 
Greater understanding of the observed interlaminar behavior of aramid and carbon DCBs 
can be obtained by inspecting the resulting fracture surfaces. First, the difference in the optimal 
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LIG morphology in aramid fiber reinforced composites during short beam and Mode I testing can 
be attributed to the difference in failure modes between the two tests. During short beam testing, 
the LIG coated specimens fail primarily due to inelastic deformation without any signs of 
delamination. Such failure mode favors the rougher LIG morphology generated at 12%, as its 
superior mechanical interlocking performance allows for a higher resistance to shear stresses. 
However, during Mode I testing, the propagating crack causes clear delamination within the 
composite. Under such conditions, the LIG micro-fibers generated at 20% can hinder the initiation 
and propagation of the crack, necessitating a larger fracture energy to achieve delamination. Visual 
inspection of the fracture surface of DCBs show that only those containing a 20 % LIG in the one-
sided configuration present LIG residues on both surfaces, despite being introduced on only one 
of the plies (Figures 5.15A-C). This confirms that the following LIG morphology is capable of 
suppressing the propagation of cracks and delamination through a bridging mechanism, that can 
be only exploited during Mode I testing. In addition, post-testing micrographs of delaminated 
aramid DCB surfaces can be seen in Figures 5.15D-I. Due to the weak interlaminar strength and 
bonding in untreated aramid composites, delamination occurs in an easy and clean manner as 
displayed by the smooth aramid fiber surfaces in Figure 5.15D. Given the weak adhesion between 
the untreated aramid fiber and the matrix, interfacial debonding is the primary cause of failure in 
untreated Mode I specimens. In contrast, LIG coated specimens show a considerable amount of 
epoxy resin residue in the form of plates on the fractured aramid surface (Figures 5.15E & F). 
Moreover, the fractured aramid surface is found to be considerably coarser than that of untreated 
fibers, as layers of resin remains adhered to the surface (Figure 5.15G). By transitioning 
interlaminar failure from an adhesive mode to a cohesive one, the fiber-matrix interface of the 
aramid fiber reinforced composites can withstand higher loads as cracks propagate inside the bulk 
resin. This is further supported by the revealed LIG on the fractured surfaces, seen in Figure 5.15H 
and I, which suggests strong adhesion between the resin and the LIG. The following agrees with 
the conclusion drawn from the simple visual inspection of the aramid fracture surfaces. The limited 
increase in fracture toughness is possibly due to the inability of current fracture toughness testing 
methods to account for reinforcing effects which prohibit or reduce intralaminar failure. However, 
such a claim requires further verification and investigation using techniques such as micro-
computed tomography (CT) scan imagery.  Thus, the following failure behavior highlights the 
ability of the LIG to reinforce the aramid fiber-matrix interface, resulting in stronger interlaminar 
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regions that fail in a cohesive manner under Mode I loading.  
 
 
Figure 5.15. Micrographs of the fracture surface of untreated and LIG coated aramid DCB 
specimens. A-C) Fractured surfaces of LIG coated aramid double cantilever beams at various 
power outputs. A) 12 %. B), C) 20%. D-I) SEM imaging of untreated and LIG coated aramid fiber 
reinforced composites fracture surfaces following Mode I testing. D) Untreated. E-I) 20%. 
 
Figure 5.16 displays the optical microscope-imaged crack pathways in carbon DCBs and 
their corresponding SEM-imaged fractured surfaces. In untreated DCBs, the crack propagates 
along a minimal resistance, straight path, with no signs of any deviation or deflection in its 
trajectory. This is common for brittle carbon fiber composites, whose weak interfacial adhesion 
allows cracks to easily propagate along the easiest path in the interlaminar region, typically 
existing along the fiber-matrix interface. On the other hand, crack propagation in 200 DPI LIG 
coated DCBs does not follow a straight path, as it oscillates and “zigzags” with increasing crack 
length.  The LIG interlayer helps deflect the path of the crack, therefore creating a larger fracture 
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surface area and providing higher resistance to crack propagation. These observations are 
consistent with other reported studies that use a nanostructured interlayer, such as CNTs, to 
reinforce the interlaminar region [41,44,52]. SEM imaging of the fractured DCB surfaces reveals 
that the crack propagates partially within the LIG interlayer instead of exclusively along the fiber 
matrix interface. The untreated DCB fracture surface shown in Figure 5.16B-D displays typical 
adhesive failure; as minimal matrix material residue can be found. In addition to the brittle 
interfacial behavior, the considerable amount of broken fibers along the fracture surface is 
indicative of significant fiber bridging. While similar fracture surface morphology can also be 
observed in the presence of a 200 DPI LIG interlayer, the surface is found to be mostly covered 
with matrix material that is well bonded to the carbon fiber surface, suggesting cohesive failure of 
the interlaminar region (Figures 5.16E & F). Such a failure mode insinuates that interfacial 
adhesion is stronger in LIG coated DCB specimens due to the interlayer absorbing more fracture 
energy. By inducing stronger adhesion between adjacent plies, cracks are forced to grow away 
from the boundaries of the interlaminar region, and into the strong and crack resistive interlayer. 
This allows the LIG forests to introduce higher energy absorption mechanisms, such as crack nano-
bridging and pull-out. These mechanisms are confirmed in Figures 5.16G-I, where LIG fibers and 
bundles are found partially embedded on both sides of the fractured DCB specimen at similar spots 
despite the LIG being primarily coated on only one of the laminas. In conclusion, the LIG 
interlayer toughens DCB specimens by deflecting cracks away from the weak interfacial region 
and into the strengthened interlaminar region, resulting in a hybrid cohesive/adhesive failure mode 




Figure 5.16. SEM micrographs of the fracture surface of untreated and 200 DPI LIG coated carbon 
DCBs. A) Pre-crack DCB region. B-D) Fracture surface of untreated DCB specimens showing 
adhesive failure. E), F) Fracture surface of LIG coated DCB specimens showing adhesive failure. 
G) LIG bundle image at high magnification. H), I) LIG interlayer at the fracture surface of LIG 
coated DCB specimens. LIG nanofiber pullout is indicated using the dashed red circles. 
 
Delamination under pure shear loading is another concern and major failure mode of fiber 
reinforced composites. The response of composite materials under such loading conditions can be 
evaluated using Mode II interlaminar fracture toughness (GIIC) testing. Here, the crack is also 
propagated with the help of a Teflon insert placed at the mid-plane of end notch flexure (ENF) 
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specimens, but in a 3-point bend loading configuration similar to that used for short beam testing. 
However, given the tendency of aramid composites to inelastically deform when loaded in such a 
configuration, as shown in chapter 3, GIIC can only be assessed in carbon fiber ENF specimens 
using the approach detailed in ASTM D7905. During Mode II testing, aramid ENFs tend to absorb 
large mid-span deformations, causing unstable crack propagation and inaccurate results. Carbon 
ENF specimens are cut from 30 plies unidirectional carbon laminates with a 76.2 mm long Teflon 
spacer midway through its thickness (Figure 5.17A). The samples are then loaded at a crosshead 
speed of 0.5 mm/min on a 5982 Instron loading frame series using a 100 kN load cell and a 3-point 
bending fixture. The Mode II fracture toughness is obtained according to the compliance 






where Pmax is the maximum force recorded during the fracture test, B is the width of the 
ENF specimen, a is the crack delamination length, and m is a calibration compliance constant 
obtained from the linear regression analysis of the relationship between the ENF compliance (C) 
and a3. The described relationship is established through data reduction of information obtained 
during two initial load-unload CC cycles, followed by a load until fracture-unload cycle. Two 
initiation GIIC are usually obtained during Mode II testing: the first one through the Teflon insert, 
and a second one through the subsequently generated pre-crack [414]. These GIIC values are 
referred to as Teflon insert or non-pre-cracked (NPC) GIIC, and pre-cracked (PC) GIIC, respectively. 
The same procedure was used to calculate both NPC and PC GIIC using their corresponding load-
unload cycles. It should be noted that the crack length a used to calculate NPC and PC GIIC is taken 
to be the longest between that measured through visual inspection and the one calculated using the 
fitted C vs a3 relationship, as per ASTM D7905. The response of each specimen under 3-point 
bend loading is typically linear up until maximum loading is reached, where a sharp drop in the 
load measurement indicates unstable crack initiation in the ENFs (Figure 5.17B). This instability 
is usually due to the resin rich region formed at the end of the Teflon insert, causing an initiation 
NPC GIIC that overestimates the actual fracture toughness. Once each ENF specimen is pre-
cracked, more accurate and reliable measurement of the GIIC can be obtained. Figure 5.17C 
indicates that both the NPC and PC GIIC display similar trends when an LIG interlayer is 
introduced. As previously mentioned, less focus is warranted to the NPC GIIC, given the effect of 
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the Teflon insert on the measurements. In addition, due to the poor performance under Mode I 
testing conditions, the 100 DPI LIG interlayer was not studied in this case. Both 400 and 200 DPI 
LIG coated ENFs specimens result in 31 % and 69 % improvement in PC GIIC, relative to that of 
untreated specimens, respectively. The agreement in optimal LIG morphology (200 DPI) for both 
Mode I and II testing is a desirable feature for a multifunctional LIG interlayer performance. These 
results prove that the previously discussed tougher short beam response in the presence of an LIG 
interlayer is indicative of a higher resistance to delamination and crack propagation in carbon fiber 
composites when subjected to shear loading. The discrepancy between the improvement in SBS 
vs GIIC implies that the LIG is more sensitive to interlaminar crack propagation induced under 
Mode II testing conditions. This confirms that the LIG role in carbon fiber composites is heavily 
centered around toughening rather than strengthening the composite structure.  
 
Figure 5.17. Mode II fracture toughness (GIIC) testing. A) Schematic of end notch flexure (ENF) 
specimen for GIIC measurement. B) NPC load-displacement curves for typical carbon fiber ENF 
specimens. C) NPC and PC GIIC of untreated and LIG coated carbon fiber ENF specimens. 
 
Further insight into the reinforcement mechanism of the LIG interlayer under such loading 
conditions can be obtained through SEM imaging of the fractured ENF surfaces. The untreated 
ENF specimens display a clean fracture surface with minimal residue of polymer matrix material, 
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due to adhesive interfacial failure (Figures 5.18A-C). This failure mode is typical of carbon fiber 
composites, as cracks tend to propagate in a straight line, along the minimum path of resistance 
which occurs in many cases along the fiber-matrix interface. In contrast, the LIG coated ENF 
specimens display increased cohesive failure, as the imaged surfaces are found to be covered with 
epoxy resin residue (Figures 5.18D-F). By forcing the crack to propagate both in the interlayer and 
along its boundaries, the fracture area is considerably enlarged, and higher fracture energy is 
necessitated to propagate the crack in the composite. Therefore, the induced cohesive failure of 
the interlaminar region indicates that the crack is propagated along a more crack-resistive path. 
Signs of nano-bridging can also be observed, as fragments of the damaged LIG interlayer is 
observed on both sides of the ENF specimens (Figures 5.18G-I). The LIG microstructure is thus 
capable of mechanically joining adjacent lamina, bridging the initiation and propagation of cracks, 
and ultimately resulting in a toughening of the interlaminar region. While these toughening 
mechanisms are highly desirable to help overcome delamination in carbon fiber composites, their 
effect on the in-plane and viscoelastic properties of the composites remains unknown and requires 




Figure 5.18. SEM micrographs of the fracture surface of untreated and LIG coated carbon ENF. 
A) Pre-crack DCB region. B), C) Fracture surface of untreated ENFs showing adhesive failure. D- 
F) Fracture surface of LIG coated ENFs showing cohesive failure. G-I) LIG interlayer at fracture 
surface of LIG coated ENFs. 
 
5.3.3. Measurement of composite tensile and viscoelastic properties  
While we have shown that a LIG can improve out-of-plane properties, it remains critical 
that any interlaminar reinforcement approach does not reduce the in-plane properties of the 
composite.  The tensile strength of composites depends primarily on the properties of the fiber or 
fabric which provide in-plane reinforcement inside composites. As previously pointed out, many 
techniques for growing nanomaterials onto fiber surfaces have been shown to result in etching and 
defect formation, thus failing to maintain the tensile properties of the fiber [167,415]. This is 
caused by the harsh synthesis conditions, such as high temperatures or the use of catalysts, thus 
leading to research focusing on the development of more benign grafting techniques, namely 
hydrothermal reactions [184,217,416]. In the case of aramid fabric, the LIG in this work is 
synthesized using a photo-thermal conversion process by means of pulsed laser irradiation, whose 
effects can be investigated using fabric tensile testing. When compared to the tensile strength of 
untreated aramid fabric (3.22 GPa), the tensile strength of LIG coated aramid fabric is observed to 
decrease with increasing induction power, yielding up to 16.4% decrease in strength at 20% output 
power in the double side configuration (2.71 GPa) (Figure 5.19A). Moreover, at constant induction 
powers of 12% and 20%, the double-sided configuration is further weakened relative to fabric 
coated only on one side, showing 2% and 7% further decrease in tensile strength, respectively. By 
generating LIG on the aramid surface, in-plane reinforcement is reduced at the expense of out-of-
plane reinforcement, as aramid fibers are irradiated into graphitic microstructure with normal 
orientation relative to the substrate. The amount of aramid fibers inside the fabric along both the 
weft and warp directions is therefore decreased, reducing its ability to support tensile and 
compressive loads. This is undesirable for composite applications, as it yields aramid fiber 
reinforced composites with weaker structural and ballistic performance. However, the induction 
process also results in a decrease in the weight of the aramid fabric; Figure 5.19B shows maximum 
reduction in the areal density of the fabric of up to 17% when induction power reaches 20%. 
Similarly, the double-sided configuration further lowers the areal density, relative to the one-sided 
configuration, independent of induction power. These changes to the areal density are obtained by 
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measuring the weight of a constant aramid fabric area before and after the induction of the LIG. 
Given that the induction process has been quantified through weight yields in previous studies, a 
weight approach is chosen over a volumetric one to describe the changes to the composition of the 
fabric [303,308]. The considerably low yield of the laser induction process insinuates that the 
measured weight is primarily that of the aramid fabric. The decrease in weight with increasing 
output power is an expected outcome, as a thicker layer of aramid is transformed into LIG when 
exposed to a stronger irradiation process. This confirms that the decrease in tensile properties is 
not due to diminishing individual fiber strength during the treatment, but rather to the conversion 
of PPTA into LIG and gaseous products, as the induction process uses the surface of aramid fibers 
as reactants, thus decreasing the overall weight of the fabric [352]. Therefore, as seen in Figure 
5.19C, none of the LIG coated fabrics display any statistical decrease in specific strength when 
compared to untreated fibers, leading to the conclusion that the LIG coating results in out of plane 
reinforcement while maintaining the original specific strength of the fibers. Furthermore, the effect 
of LIG on the elastic properties of carbon fiber laminate composites is examined using also tensile 
testing according to ASTM standard D3039, where both tensile strength and stiffness are found to 
be statistically unchanged following the introduction of a 200 DPI LIG interlayer. In the case of 
carbon fiber composites, weight considerations are irrelevant, given the lightweight LIG is transfer 
printed onto the prepregs and not generated through using them as precursors, such as in aramids. 
Only the tensile properties of 200 DPI LIG coated specimens are studied and compared to that of 
untreated ones, given its optimal interlaminar performance, as determined using Mode I and II 
testing. The preserved elastic properties observed in Figures 5.19D & E indicate that the LIG does 
not accelerate tensile failure in carbon fiber composites and does not act as defects or micro-stress 
concentration sites in the interlaminar region. It is then possible to fabricate lightweight LIG coated 





Figure 5.19. Tensile properties of untreated and LIG coated aramid and carbon fiber reinforced 
composites. A-C) Aramid fiber reinforced composites: A) Tensile strength. B) Areal density. C) 
Specific tensile strength. D-E) Carbon fiber reinforced composites: D) Tensile strength. E) Elastic 
modulus. 
 
         In addition to the preservation of in-plane properties, the introduction of the LIG is found to 
not interfere with the viscoelastic and damping behavior of both aramid and carbon fiber reinforced 
composite. Aramid composites are highly used in dynamic loading applications, such as in hard 
body armor and blast protection, due to their excellent energy absorption abilities [19]. Therefore, 
improvements to their structural performance are ideally desired to be coupled with a good 
dynamic response. Although viscoelastic properties are heavily dominated by the matrix, 
modification to the interlaminar and interfacial regions can alter the dynamic response of the 
composite[417,418]. The effect of these interlaminar modifications are studied through dynamic 
mechanical thermal analysis (DMTA) performed in the three-point bending configuration. The 
specific storage modulus (E’) and loss modulus (E’’) are obtained through a normalization similar 
to the one reported in the previous section. This allows for more accurate assessment of the LIG 
influence on the response of the composite by accounting for the decrease in weight of the in-plane 
reinforcement. Figure 5.20. shows unchanged specific viscoelastic properties when LIG aramid 
composite specimens are compared to untreated ones. The unaffected specific storage and loss 
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modulus insinuates a preservation of the flexural rigidity and energy dissipation performance of 
the composite, respectively (Figures 5.20A & B). Given that the loss tangent is the ratio of E’’ to 
E’, the damping behavior of the aramid composite is expected to be conserved as seen in Figure 
5.20C. This indicates that the damping properties of the aramid fiber reinforced composites are 
preserved, while maintaining their elastic and viscous response. It should be noted that similar 
trends are found irrespective of the LIG morphology, induction power, or configuration, thus only 
the case of laser induction at 20% and in the double-sided configuration is reported due to it having 
the largest effect on the fabric’s weight, and thus potentially its dynamic response. Furthermore, 
the viscoelastic behavior of carbon fiber composites in the presence of the LIG interlayer is also 
examined using DMTA. As previously mentioned, the dynamic response of fiber reinforced 
composites is heavily reflective of its viscoelastic properties and damping capacity. As seen in 
Figures 5.20D & E, both storage and loss modulus are unaffected by the introduction of the 200 
DPI LIG interlayer, signaling a conservation of flexural rigidity and energy dissipation capacity of 
the composite. Given that the loss tangent is the ratio of the loss modulus to the storage modulus, 
unchanged damping behavior is also expected (Figure 5.20F). With both the elastic and viscous 
responses being unchanged in the presence of the LIG interlayer, the tougher carbon fiber 
composites can preserve their damping properties by maintaining both their dynamic stability and 
load-bearing ability. It should be noted that the morphology of the LIG interlayer could be 
optimized to improve the damping properties of these composites, yet achieving it in concurrence 
with optimal interlaminar reinforcement performance cannot be guaranteed. Finally, the glass 
transition temperature (Tg) is shown to exhibit a 6.6 °C increase, going from 230.7 °C for untreated 
specimens up to 237.1 °C for LIG coated ones. Such increase in the Tg allows for carbon fiber 
composites to be operated at slightly higher temperatures. In conclusion, the LIG interlayer is 
capable of improve the toughness of aramid and carbon fiber reinforced composites under various 




Figure 5.20. Dynamic mechanical thermal analysis of untreated and LIG coated aramid and carbon 
fiber reinforced composites. A-C) Aramid fiber reinforced composites: A) Specific storage 
modulus. B) Specific loss modulus. C) Loss tangent. D-F) Carbon fiber reinforced composites: D) 
Storage modulus. E) Loss modulus. F) Loss tangent. 
 
5.4. Chapter summary 
 In this chapter, nanostructured interlayers are demonstrated to toughen aramid and carbon 
fiber reinforced composites and improve their resistance to delamination under a variety of loading 
conditions. Using a simple spray-coating technique, it is demonstrated that an optimized ANF 
interlayer is capable of improving short beam strength and initiation Mode I fracture toughness of 
carbon fiber reinforced composites by 33.7% and 81.6%, respectively. The improved resistance to 
crack initiation and propagation is the result of the transition from an adhesive to a cohesive 
interlaminar failure mode in the presence of ANF reinforcement. Moreover, in comparison to other 
aramid interleaving techniques, the ANF interlayer presented advantages of nanoscale thickness, 
low areal density, and preserved composite tensile strength, Therefore, this work presents a simple, 
fast, and cost-effective technique that can be scaled up to industrial production levels for the 
fabrication of high toughness carbon fiber reinforced composite structures. 
 Furthermore, it is shown that LIG can be also used as an interlayer that improves the 
interlaminar properties of aramid and carbon fiber reinforced composites. It is demonstrated that 
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the piezoresistive LIG is easily introduced on the surfaces of aramid fabric and carbon fiber 
prepregs through direct laser writing or transfer printing, respectively.  The LIG interlayer is found 
to result in 70% and 20% improvement in short beam strength and  Mode I fracture toughness of 
aramid fiber reinforced composites, respectively. Similarly, the LIG interlayer is capable of 
yielding a 41% and 69% increase in both initiation Mode I and pre-cracked Mode II fracture 
toughness of carbon fiber prepreg composites, respectively. The LIG is found to increase resistance 
to crack initiation and propagation, and thus delamination, by inducing a more cohesive 
interlaminar failure mode and nano-bridging. The improved interlaminar performance is 
demonstrated to be obtained while maintaining the tensile and viscoelastic properties of the 
resulting aramid and carbon composites. Such results demonstrate that LIG can act as 
multifunctional and nanoscale building block in aramid and carbon fiber reinforced composites in 
order to provide a fast and cost-effective reinforcement to the mechanical and multifunctional 



















CHAPTER 6. Conclusions 
Fiber reinforced polymer matrix composites have attracted great attention over the last 
century due to their unique specific mechanical properties. Compared to traditional and 
homogenous materials, such as metals and ceramics, fiber reinforced composites can provide 
superior specific strength and stiffness, while also being lightweight and tailorable for particular 
application requirements. With these advantages, the field of composites is continuously growing 
in a number of large-scale industries, such as aerospace, energy, automotive, and infrastructure. 
The mechanical performance of fiber reinforced composites typically depends on the properties of 
the reinforcement, the matrix, and the quality of their interface. A primary concern in composite 
applications is the weakly adhered fiber-matrix interface, which causes premature failure and 
limits them from realizing their theoretical potential. The poor interfacial adhesion is the result of 
large mismatch in stiffness between the fiber and the matrix, along with the lack of sufficient 
chemical interaction and mechanical interlocking between them. Research efforts aimed to 
improve these interfacial interactions through the development of chemical surface treatments and 
filler additive approaches. Yet the application of such techniques is typically hindered by the 
damage they induce to the fiber surface when being applied, or the encountered agglomeration 
issues when incorporating the fillers. With the continuous innovation of the nanomaterials field, 
efforts shifted to exploiting interphase design techniques to strengthen the fiber-matrix interface. 
However, currently developed methods are either detrimental to the fiber properties, too energy 
intensive, or non-scalable to industrial levels. In this dissertation, multifunctional and hierarchical 
fiber reinforced composites with improved interfacial adhesion were developed through the 
introduction of nanostructured interphases and interlayers. It is shown that these nanomaterials-
based reinforcements can be introduced in benign, cost-effective, and scalable manners that 
maintain in-plane properties of the composites. Specifically, ANF, ZnO, and LIG nanomaterials 
are incorporated into aramid, glass, and carbon fiber composites to achieve a variety of interfacial, 
interlaminar functionalities. 
Given the importance of fiber/interphase adhesion, the role of chemical interactions 
between the introduced nanomaterials and the fiber surfaces was initially studied, characterized, 
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and optimized. First, in order to achieve a well-adhered nanostructured ANF interphase on aramid 
fiber surfaces, the potential of amide-amide hydrogen bonding between ANFs and polyamide 
molecules was demonstrated through chemical and mechanical characterization, highlighting the 
potential of ANFs assembly on aramid fiber surfaces through physisorption. In the absence of such 
interactions, the use of a high charge density cationic polymer coating was considered as an 
alternative approach to electrostatically adsorb negatively charged ANFs on the surface of glass 
fibers. In addition, an aramid fibrilized interphase is developed to improve the aramid surface 
morphology and chemistry for an improved performance in composite materials. Functionalization 
techniques were also developed to benignly oxidize the surfaces of carbon and glass fibers and 
improve their adhesion with ZnO NWs and NPs. Through XPS analysis, the employed 
functionalization techniques were demonstrated to increase surface oxygen content in carbon and 
glass fibers by 5.05% and 14%, respectively.  Finally, it is demonstrated that graphene 
nanomaterials (LIG) can be directly induced on the surfaces of aramid fibers or transferable to the 
surface of carbon fiber prepregs. The resulting LIG interlayer is well adhered to the fiber surfaces 
through inherent chemical and mechanical interactions. In addition, the LIG coated surface 
chemistry was studied and characterized in order to understand the potential of such a graphitic 
interlayer in fiber reinforced composites. Therefore, chemical interactions between nanomaterials 
and fiber surfaces were investigated and optimized through experimental approaches prior to the 
application in fiber reinforced composites.  
The potential of aramid-based nanostructured interphases in improving interfacial 
properties of aramid and glass fiber composites under quasi-static loading conditions was then 
investigated. The ANF interphases were grafted on the fiber surfaces using a simple and fast dip-
coating process. SEM and AFM imaging showed that the introduction of ANF interphases greatly 
improves surface roughness, while FTIR and XPS analysis demonstrated an increase in polar 
surface functional groups. The improved chemical interaction and mechanical interlocking 
between the fiber and the matrix resulted in 70.27% and 83% increase in quasi-static IFSS of 
aramid and glass fiber composites after 3-minute treatments, respectively. The enhanced interfacial 
adhesion also resulted in 25% and 35% improvements in SBS of aramid and glass fiber composites, 
respectively. The obtained interfacial gains were achieved while maintaining the tensile strength 
of the fibers. The aramid fiber fibrilization treatment was also investigated. The fibrilized aramid 
fibers were demonstrated to present nanofibrils across their surfaces, along with an increase in 
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oxygen surface functional groups. When incorporated into aramid fiber reinforced composites, the 
fibrilization treatment was found to yield 128% and 62% improvements in IFSS and SBS, 
respectively, along with maintained tensile properties. Thus, aramid-based nanostructured 
interphases are capable of improving interfacial adhesion, and thus quasi-static load bearing 
abilities in fiber reinforced composites. 
In contrast, composite materials used in ballistic applications require a different set of 
properties. First, the simple and fast fibrilization treatment was shown to be capable of increasing 
interyarn friction in aramid fabric by up to 500%. The improved fiber-fiber interactions were 
demonstrated to yield 10% and 230% improvement in the fabric’s ballistic limit and dynamic stab 
resistance, respectively. The fibrilization treatment was optimized in order to obtain these 
improvements in the fabric’s ballistic performance, while maintaining its strength. In the case of 
fiber reinforced composites, ceramic ZnO interphases were shown to tailor interfacial properties 
of carbon and glass fiber composites for a simultaneously optimal performance under both quasi-
static and dynamic loading conditions. The ZnO nanomaterials were grown on the fiber surfaces 
using a hydrothermal process that preserves the fiber’s strength. IFSS of ZnO coated single-fiber 
carbon and glass fiber composites were quasi-statically and dynamically measured using a novel 
experimental setup. The ZnO interphase was demonstrated to improve interfacial adhesion under 
quasi-static loading rates, resulting in a minimum increase in IFSS of 87%, while weakening it 
under dynamic loading rates, as highlighted by the minimum decrease of 34% in IFSS, all relative 
to a conventional fiber-matrix interface at similar strain rates. Through the inspection of embedded 
fiber lengths post-pullout, it was found that the cause of such strain rate dependent behavior is the 
brittle fracture of the ceramic ZnO interphase at high strain rates due to matrix stiffening effects. 
The described behavior allows for a reduction in weight through the integration of ballistic 
functionality into carbon and glass fiber composites, in addition to improving its original structural 
functionality. 
After investigating interfacial modification techniques, the merits of nanostructured 
interlayers for toughening and suppressing delamination in fiber reinforced composites were 
studied. It was shown that an ANF interlayer can be deposited on carbon fiber surfaces using a 
simple and fast spray-coating technique. The areal density and morphology of the interlayer were 
optimized to result in 34% and 82% improvements in the SBS and GIC of carbon fiber reinforced 
composites, respectively. The ANF interlayered composites exhibited a more cohesive 
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interlaminar failure mode, as confirmed through SEM imaging. Elsewhere, an LIG multifunctional 
interlayer was demonstrated to toughen aramid and carbon fiber reinforced composites. The thin 
carbon-based interlayer was directly induced through laser irradiation on aramid fabric, and was 
later transfer printed on carbon fiber prepregs. The LIG interlayered aramid composites were 
demonstrated to experience 70% and 20% improvements in SBS and initiation GIC, respectively; 
while carbon fiber ones exhibited 41% and 69% increase in both initiation GIC, and pre-cracked 
GIIC, respectively. The toughening of the interlaminar region of these composites was achieved 
while maintaining their elastic and viscoelastic properties. The thin LIG interlayer is therefore 
capable of toughening aramid and carbon fiber composites, while potentially introducing 
unprecedented functionality to aramid composites in the form of improved electrical and thermal 
properties. The hierarchical fiber reinforced composites developed in this dissertation can ease 




This dissertation investigated the fiber-matrix interfacial properties of fiber reinforced 
polymer matrix composites and developed a number of novel interphase design methods to 
improve their out-of-plane performance, while maintaining in-plane one. This work has provided 
cost-effective and scalable solutions to address weak interfacial adhesion and delamination in fiber 
reinforced composites and has made numerous contributions detailed in the following section. 
The first contribution of this work is developing a simple and cost-effective technique to 
adsorb ANFs onto aramid surfaces. By studying the potential of amide-amide hydrogen bonding 
between a nanofiller and a matrix, well-adhered and nanostructured ANF interphases are formed 
on the surfaces of macroscale aramid fibers in less than 5 minutes through a simple phisisorption 
process. The introduced nanoscale aramid interphase does not degrade the individual fiber 
strength, and yields improved interfacial adhesion, as reflected through the improved IFSS and 
SBS composite performances. The benign nature of the adsorption process makes this technique 
practical and easy to integrate in a variety of structural aramid composite applications. 
The second contribution of this dissertation is the development of an electrostatic-based 
approach to adsorb ANFs onto glass fiber surfaces. By applying a positively charged PDDA 
coating to the glass surface, electrostatic adsorption of negatively charged ANFs onto the glass 
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fiber surfaces is achieved in less than 5 minutes. Similar to the case of aramid fibers, the 
nanostructured ANF interphase considerably roughens the glass surface and populates it with polar 
functional groups, improving interfacial adhesion and enhancing IFSS and SBS of glass fiber 
composites. The described process can prove to be an alternative to current fiberglass sizing 
techniques, as it can be applied at a later time post-fiber extrusion, and at room temperature. 
Another contribution of this work is the development of a benign aramid fabric fibrilization 
technique. The method is unique as it takes advantage of the dissolution and deprotonation process 
developed to yield ANFs in order to generate nanofibrils across the aramid surface and increase 
surface oxygen content. In fiber matrix reinforced composites, the fibrilization treatment 
contributes to improved IFSS and SBS performances. When applied to aramid fabric, the 
fibrilization process yields a large increase in interyarn friction, which translates into improved 
ballistic limit and stab resistance properties. The simple, benign, and fast nature of this process 
will make this technique a popular choice to strengthen adhesion in aramid fiber polymer matrix 
composites or improve the ballistic performance of aramid fabric. 
In addition, the revealing of the ability of ZnO interphases to tailor the interfacial properties 
of carbon and glass fiber composites for a simultaneously optimal interfacial adhesion under quasi-
static and dynamic loading rates is another contribution of this work. The hydrothermally grown 
ceramic interphases are confirmed to reinforce the fiber-matrix interface under quasi-static loading 
conditions. A novel piranha solution functionalization treatment was developed for glass fiber 
surfaces in order to improve adhesion between the ZnO interphase and the fiber. Using a novel and 
in-house developed dynamic single fiber pullout experimental setup, the performance of the ZnO 
interphase is found to be reversed under dynamic loading rates, yielding weaker fiber-matrix 
interfaces. Such multifunctional interfacial behavior can eliminate the need for multi-component 
ballistic protection that is currently added to composite structures, thus reducing system weight 
and increasing its flexibility. 
On an interlaminar level, the introduction of an ultra-thin ANF interlayer into carbon fiber 
composites using a simple and scalable spray-coating technique is also a contribution of this 
dissertation. The spray-coating process avoids ANF agglomeration issues and allows for easy 
control over the morphology and areal density of the nanoscale interlayer. The ANF interlayered 
carbon fiber composites displayed a tougher behavior, as highlighted by its more cohesive 
interlaminar failure mechanism. In addition, the in-plane properties of these composites were 
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determined to be maintained, highlighting the superiority of such a quick and scalable interleaving 
technique over currently proposed or used ones in the composite industry to address delamination. 
The final contribution of this work is introducing LIG interlayers into aramid and carbon 
fiber reinforced composites for a tougher and multifunctional behavior. This recently discovered 
piezoresistive nanomaterials have been used in the fabrication of a number of sensors and devices 
but are yet to be exploited for mechanical functionalities. The LIG is generated directly on the 
aramid surfaces, while a transfer printing technique that maintains their alignment is used to graft 
them on carbon fiber prepregs. The LIG interlayered aramid and carbon fiber composites are 
demonstrated to exhibit a tougher response under various loading conditions, as their ability to 
resist crack initiation and propagation, and thus delamination, is improved. This is achieved while 
maintaining the elastic and viscoelastic properties of the composites and integrating unprecedented 
electrical conductivity into aramid fiber composites. These findings highlight the potential of 
overcoming delamination in fiber reinforced composites using a multifunctional and easily 
synthesized laser induced graphene interlayer. 
 
6.2. Recommendations for future work 
 This dissertation performed fundamental research on improving interfacial adhesion in 
fiber reinforced polymer matrix composites. The results demonstrated a number of nanostructured 
interphases and interlayers that can be introduced in fiber reinforced composites using benign, fast, 
and scalable approaches in order to improve interfacial adhesion and toughen these composites. 
Different aspects of this research have led to interesting scientific contributions that can be used 
to advance the field of composite materials through the integration of nanomaterials into such 
structures. Nonetheless, the work presented here is not complete and can be complemented with 
further studies that expand the potential of the presented efforts. A number of experimental and 
theoretical or analytical studies can be built on the detailed findings in this dissertation. 
 Here, the ANF interphases and interlayers were realized in a simple manner across the 
aramid and glass fiber surfaces, while controlling treatment periods. However, the morphology of 
the interphase can also be studied through controlling the aspect ratio of the ANFs. By varying 
certain parameters of the dissolution and deprotonation process, the ANFs geometry and aspect 
ratio can be modified and their effects on the adsorption process and on interfacial properties of a 
composite can be studied. The concentration or type of base used to generate the ANF suspension 
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can be varied to yield ANFs of considerably larger aspect ratio, potentially resulting in an improved 
interphase performance. Furthermore, large aspect ratio nano-reinforcement has been shown to 
yield a better interleaving performance due to improving fiber bridging toughening mechanism. 
Therefore, the performance of a large aspect ratio ANF interlayer spray-coated in carbon fiber 
composites is an interesting topic to investigate.  
 In addition, any numerical studies that involve ANF reinforcement lack accurate data 
pertaining to their strength, stiffness, and elongation. While it is assumed that the ANFs maintain 
similar mechanical properties to that of their macroscale version, this remains an unproven 
hypothesis. Moreover, many research studies of nanoscale materials, such as CNTs, show that they 
considerably outperform their macroscale counterparts due to a considerable decrease in defects. 
Therefore, for accurate modeling of ANF performance either as a nanofiller, an interphase, or an 
interlayer, it is necessary to assess the mechanical properties of a single ANF. Through nano-
manipulation lift-off, individual ANF can be placed on push-to-pull devices in order to perform 
mechanical testing inside a transmission electron microscope (TEM). Such an experiment allows 
for obtaining the exact mechanical properties of ANFs, thus improving the accuracy of micro-
mechanic models, and helping bridge the gap between theoretical and experimental studies.  
 Elsewhere, the multifunctional performance of the ZnO interphase requires further 
investigation to fully understand its behavior under dynamic loading conditions.  Its observed 
brittle fracture can be further understood by a mapping of the strain distribution at the level of the 
interphase during high strain rate SFP testing. This can be achieved through in-situ SFP testing 
inside a SEM, coupled with digital imaging correlation (DIC). Another important parameter to 
study when it comes to the performance of such an interphase is its morphology. Given the 
demonstrated dependence of IFSS on ZnO geometry, a better understanding of this relationship 
can be obtained by controlling the length and diameter of the ZnO nanostructure and assessing its 
effect on IFSS of single-fiber composite under dynamic loading conditions. 
 One of the last aspects of this dissertation was the development of a multifunctional LIG 
interlayer for aramid and carbon fiber reinforced composites. While the LIG was used to primarily 
toughen these composites, its piezoresistive multifunctionality remain unexploited for applications 
such as structural health monitoring, joule heating, and out-of-autoclave curing. A comprehensive 
study that addresses these other functionalities can maximize the performance of LIG in aramid 
fiber reinforced composites, and further justify its integration into these composites. As for carbon 
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fiber composites, The LIG morphology can potentially be optimized by controlling induction 
fluence to simultaneously toughen these composites, while improving their viscoelastic 
performance. Future work therefore should focus on identifying new structural and non-structural 
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